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ABSTRACT: Solid-state batteries have fascinated the research community over the past
decade, largely due to their improved safety properties and potential for high-energy density.
Searching for fast ion conductors with sufficient electrochemical and chemical stabilities is at
the heart of solid-state battery research and applications. Recently, significant progress has been
made in solid-state electrolyte development. Sulfide-, oxide-, and halide-based electrolytes have
been able to achieve high ionic conductivities of more than 10−3 S/cm at room temperature,
which are comparable to liquid-based electrolytes. However, their stability toward Li metal
anodes poses significant challenges for these electrolytes. The existence of non-Li cations that
can be reduced by Li metal in these electrolytes hinders the application of Li anode and
therefore poses an obstacle toward achieving high-energy density. The finding of
antiperovskites as ionic conductors in recent years has demonstrated a new and exciting
solution. These materials, mainly constructed from Li (or Na), O, and Cl (or Br), are
lightweight and electrochemically stable toward metallic Li and possess promising ionic
conductivity. Because of the structural flexibility and tunability, antiperovskite electrolytes are excellent candidates for solid-state
battery applications, and researchers are still exploring the relationship between their structure and ion diffusion behavior. Herein,
the recent progress of antiperovskites for solid-state batteries is reviewed, and the strategies to tune the ionic conductivity by
structural manipulation are summarized. Major challenges and future directions are discussed to facilitate the development of
antiperovskite-based solid-state batteries.
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1. INTRODUCTION

Inorganic materials with ion conducting properties are attractive
for both their unique structures and wide range of applications,
including sensors, electrochromic glasses, fuel cells, super-
capacitors, and batteries. The history of inorganic solid-state
electrolyte (SSE) research can date back to 1830s whenMichael
Faraday found a conduction phenomenon in lead fluoride
(PbF2) and silver sulfide (Ag2S). In 1914, the first superionic
conductor silver iodide (AgI) was discovered with extraordinary
ionic conductivity that was similar to that of the liquid phase.1 In
the 1960s, fast sodium ion transportation properties were found
in β-alumina (Na2O·11Al2O3), which was later utilized to
develop high-temperature sodium−sulfur batteries used in
South Africa and Japan in 1980s. In the same period,
rechargeable batteries were in demand and under extensive
studies. The successful demonstration of inorganic SSEs in
batteries and great potentials in energy-related applications
stimulated the scientific community and triggered vast research
efforts on solid-state sodium-ion conductors as well as lithium-
ion conductors for rechargeable batteries.
For the previous two centuries, most batteries have been

based on liquid electrolytes largely due to their high ionic
conductivity and excellent wetting of electrodes. However, they
are subject to corrosion, leakage, narrow electrochemical
stability voltage windows and flammability. Recently, these
drawbacks have become more prominent because of the
increasing demand for more reliable safety and longer durability
from the booming electric vehicle market and grid-scale energy
storage. Replacing the liquid electrolytes with inorganic SSEs
provides an exciting opportunity to overcome these problems
considering the intrinsic safety and stability features related to
the solid-state materials. Moreover, incorporation of inorganic
SSEs in batteries also provides opportunities to unlock new
battery chemistries with exceptionally high energy densities,
such as lithium metal batteries (e.g., Li metal anode pared with
high-voltage cathodes), lithium−air, and lithium−sulfur sys-
tems, by offering physical barriers to stop lithium dendrite
propagation. Owing to these attractive properties, inorganic
SSEs for batteries have emerged as a crucial research topic in
both the scientific community and industrial communities, and
they are highly anticipated to bring enormous changes to the
way of energy utilization in the near future.
Although there are a large number of inorganic material

categories, it is still challenging to find a satisfying electrolyte for
solid-state batteries. The prerequisite of the electrolytes is ionic

conduction. Ion conduction behavior in crystalline solids is
significantly different from that in liquids where ion transport is
governed by themovement of solvated ions in the solvents and is
normally fast. As shown in Figure 1a, ionic diffusion in inorganic
materials relies on the hopping of ions between the adjacent
available sites through a higher energy barrier due to the
geometry constraint and electrostatic interaction. Generally, the
hoping mechanism in one ionic conductor can be established on
the direct hopping or knock-off hopping,2 which are illustrated
in Figure 1b. In the first “direct hopping” mechanism, an
individual ion (e.g., Li+, Na+) hops from one lattice site to its
adjacent vacant site, while the “knock-off hopping” represents an
indirect interstitial mechanism wherein an interstitial atom
pushes the matrix atom toward another interstitial and realize
ion conduction. These classic conduction mechanisms are based
on single-ion migration, which is not sufficient to depict the ion
conduction in superionic conductors. He et al. reported that the
fast diffusion in superionic conductors does not occur through
isolated ion hopping as is typical in solids, but instead proceeds
through concertedmigrations of multiple ions with lower energy
barriers (Figure 1c).3

According to the Arrhenius model, which has been generally
used to describe ionic conduction in crystalline solids, the ionic
conductivity σ can be expressed as

A
T

n
E

k T
exp A

B

i
k
jjjjj

y
{
zzzzzσ = −

(1)

where A is a pre-exponential factor, T is the temperature in
Kelvin, n is the concentration of mobile carriers, EA is the
activation energy of diffusion, and kB is the Boltzmann constant.
Point defects in solids, such as Schottky and Frenkel defects
(Figure 1d), are the predominant carriers for ion conduction. In
this regard, most inorganic materials cannot conduct ions
effectively because of the lack of available defects for ion
migration or the high activation energies.
Thanks to the progress in crystal structure engineering, several

inorganic compounds were developed with extrinsic structure
defects and demonstrated excellent ionic conductivities. These
materials mainly consist of two sublattices, a backbone
composed of immobile ligands connected through polyhedra
and a sublattice of mobile ions (Li+ or Na+). There are sulfide,
oxide, halide, nitride and hydride SSEs based on the main
composition of the backbone, all of which have been intensively
investigated and optimized for higher ionic conductivity through
composition variation. It is worth noting that studies on these
SSEs with various compositions rely on the understanding of
intrinsic crystal structures, which promotes the development of
high-performance electrolytes through rational design instead of
trial and error. It has been found that only a limited number of
inorganic materials sharing particular structures are capable of
conducting Li+ or Na+ ions, but not all of them. The most
studied structures come from families such as LISICON-like
(lithium superionic conductor), argyrodite, garnet, NASICON-
like (sodium superionic conductor), and perovskite structures,
as shown in Figure 1e.
The LISICON-like and argyrodite structures have been

mainly found in sulfide- and oxide-based electrolytes, and they
can offer very high ionic conductivities, particularly when sulfur
is used as the main component of the backbone. The
conductivities of Li10GeP2S12 (LISICON-like) and Li6PS5Br
(argyrodite) were found to be as high as 1.2× 10−2 and 7× 10−3

S/cm, respectively.4,5 However, the introduction of sulfur in the
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backbone also lead to decreased stability, which is embodied as
extreme sensitivity toward moisture and tendency to generate
toxic hydrogen sulfide. The garnet structure mainly exists in
oxide-based electrolytes and it is associated with very high
stability and satisfying ionic conductivity. For example,
Li7La3Zr2O12 (LLZO) and its derivatives have been found to
be very stable in ambient condition and even against lithium
metal, while the ionic conductivity is usually on the order of 10−3

to 10−4 S/cm.6 Nevertheless, the conductivity in this structure is
quite sensitive to grain boundaries. Careful control over the
high-temperature sintering process is necessary to reduce grain
boundaries and achieve high densities and conductivities. The
NASICON-like and perovskite structures are less conductive
than the previous examples but subject to grain boundary issues
as well. The detailed structural features of these examples have
been analyzed and thoroughly discussed in a number of previous
works.7−9 Despite the tremendous efforts on optimizing these
electrolytes for solid-state batteries, it seems that none of them
are perfect and the search for new candidates with unexplored
structures are becoming more and more prominent.
Recently, a new type of structure called antiperovskite has

attracted increasing attention in inorganic material research as it
has demonstrated an amazing array of physical and chemical
properties such as superconductivity, negative thermal ex-
pansion, luminescence and catalysis.10 Antiperovskites have the
same topology as perovskites but adopt reversed ionic
arrangement, which means unique anion-centered units in
antiperovskites as compared with the conventional cation-
centered ones in perovskites. The importance of this arrange-
ment has long been recognized by solid-state chemists during
the study of the aforementioned properties. More recently, the
structural features of antiperovskites were successfully utilized to
introduce superb ionic conduction in solid compounds.
Antiperovskite Li3OA (X = Cl, Br) compounds have been
designed and synthesized.11 They displayed lithium diffusion
activation energies as low as 0.2−0.3 eV, with ionic
conductivities of σ > 10−3 S/cm at room temperature, and
even reach superionic conduction of σ > 10−2 S/cm at
temperatures exceeding 250 °C. In comparison, the highest
lithium-ion conductivity in the perovskite structural family was
in the order of 10−3 to 10−4 S/cm, with an activation energy of
around 0.4 eV. The big difference is caused by the fact that the
cation position in antiperovskites is completely different from
that in perovskite, which provides a distinct local environment
for mobile ions and thereby changes their mobility. In fact, the
anion sublattice of antiperovskites is in a body-centered cubic
(bcc) packed pattern that has been proposed to promote high
ionic mobility in all kinds of structural families.12

Moreover, the new electrolytes also displayed other
advantages, such as extraordinary stability toward lithium
metal and relatively low melting points, which have been highly
anticipated but rarely found in most conventional electrolytes.
Many traditional electrolyte systems are not stable with the
highly reductive lithium metal anode due to the existence of
some high valence metal ions, for example, Ti4+ in perovskite
Li3xLa2/3−x□1/3−2xTiO3 (LLTO, where□ represents a vacancy)
and Ge4+ in Li10GeP2S12. These cations are a key component of
the cation-centered polyhedral units that constitute the
backbone of the electrolyte. However, they can be reduced by
lithium metal, thus deteriorating the interface between the
electrolyte and electrode. In comparison, Li3OA electrolyte
contains only Li+ cations and O2− and A− anions that are both in
their lowest valence state, affording the stability toward lithium

metal. On the other hand, the melting points of Li3OA
electrolytes are below 350 °C. The extraordinarily low
temperature will enable straightforward fabrication of dense,
large-area thin films, a critical process in the preparation of
compact layers for large size batteries. Other electrolytes have to
bemolded through hot pressing or high-temperature sintering in
order to achieve reasonable densities, and it will become more
challenging if large-area films are needed.
The discovery of the Li3OA electrolytes has opened a new

avenue to the development of high-performance SSEs for solid-
state batteries. Encouraged by this success, many research efforts
have been devoted to the antiperovskite structure electrolytes
and significant progress has been made. The ionic conductivity
of antiperovskite system at room temperature has been boosted
to 2.5 × 10−2 S/cm for Li-based antiperovskites and 4.4 × 10−3

S/cm for Na-based antiperovskites,13,14 with some electrolytes
having been demonstrated in full cells.15,16 Considering that the
antiperovskite structure can be readily manipulated via chemical,
structural and electronic routes to optimize the physicochemical
properties, a giant leap toward practical solid-state batteries
based on antiperovskite electrolytes can be anticipated.
However, research on antiperovskite electrolyte is just in the
initial stage and there are some obstacles that may delay the
progress, including the unawareness of the structural variations,
little attention paid to grain boundary effects, and limited
understanding of the interface stability in full cell systems with
antiperovskite electrolytes. Thus, a thorough discussion on
antiperovskite electrolytes from basic structure and synthesis to
final performance in devices based on past structure study and
recent electrolyte progress is very necessary for researchers.
In this review, we aim at filling this void by presenting a

systematic introduction of antiperovskite electrolytes and
summarizing the recent breakthroughs in material preparation,
understanding of ion conduction mechanisms, and structure
manipulation for enhanced performance in solid-state batteries.
In the following sections, we start from introducing the general
structural features of the antiperovskites.We then discuss the ion
diffusion mechanisms based on the results from both simulation
and experimental characterization and extend to structure
manipulation for enhanced conduction. We also discuss several
basic preparties of antiperovskite electrolytes, including phase
formation stability, electrochemical stability, air stability, as well
as mechanical property. Next, we discuss the interface issues and
applications in battery devices. We then summarize and discuss
all the reported and potential methods for antiperovskite
electrolytes synthesis and cell preparation. We conclude with an
overview of the challenges of antiperovskite electrolytes and
perspectives for further investigations and practical applications.

2. STRUCTURAL FEATURES OF ANTIPEROVSKITES
Antiperovskites, which are derived from perovskites, are perhaps
themost adaptable and well-studied crystal structure. A standard
perovskite (aristotypic perovskite) has the general ABX3
stoichiometry with cubic structure and Pm3̅m space group. A,
B, and X sites are at the corners, body-centers and face-centers of
the cube, respectively, where X is an anion and A and B are
cations with different sizes (A being larger than B). Each B
cation is coordinated by six X anions, forming a cation-centered
BX6 octahedron. The perovskite framework is composed of the
BX6 octahedra under a corner-sharing connection pattern, while
A cation fills the dodecahedra cavity with a coordination number
of 12. Antiperovskites have the perovskite topology and same
ABX3 stoichiometry, but with an electronically inverted BX6
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building unit where the anion is at the octahedral center (B-site)
and cation is at the octahedral vertices (X-site). In a standard
ionic antiperovskite (Figure 2a), for example, Li3OBr and
Na3OCl, X is a monovalent cation (e.g., alkali metal), B is a
divalent anion (e.g., chalcogen), and A is a monovalent anion
(e.g., halogen). Given the rule of “cation-first” in inorganic
nomenclature, antiperovskite structure is more often described
as X3BA. In addition, there is another important branch of
compounds possessing antiperovskite structure, where X is a
transition-metal element or rare-earth element, B is boron,
carbon or nitrogen, and A is from the main family elements or
lanthanides. For example, the electrocatalyst Co3InC0.7N0.3,

17

the giant magneto resistance material Cu3PdN,
18 and the

superconductor Ni3MgC19 are metallic compounds of such
antiperovskite structure. The discussion here is focused on the
ionic antiperovskite structure, which has the potential to
generate ionic conduction.
In fact, most perovskite and antiperovskite compounds do not

adopt the standard cubic symmetry or the ABX3 stoichiometry.
More often than not, they are in the form of distorted structures

or nonstoichiometry whether they are intentionally designed or
not, which can be attributed to their intrinsic structural
flexibility. There are several important derivatives from standard
perovskite and antiperovskite, which we would like to classify as
distorted structures, deficient structures, ordered/disordered
structures, etc. The applications of perovskite and antiperovskite
compounds have been remarkably broadened just because of the
existence of these derived structures as their thermal, mechanic,
electric, and magnetic responses all correlate with the changes in
the atomic structure. In this section, we will discuss the
opportunities in giving general descriptors correlated with the
antiperovskite structures including the standard cubic one and
the derivatives and summarize the structural features of the
typical derivatives.

2.1. Geometric Descriptors

The formation of an antiperovskite structure can be predicted
geometrically using the regularity discovered in perovskites. In
an ideal cubic unit cell of perovskites, the cell axis a is a function
of the ionic radii as described by equation:

Figure 1. (a) Schematic illustration of ion diffusion in SSEs. (b) Schematic illustration of the direct hop mechanism and knock-off mechanisms.
Reproduced with permission from ref 2. Copyright 2012 American Chemical Society. (c) Schematic illustration of single-ion migration and multi-ion
concerted migrations. Reproduced with permission from ref 3. Copyright 2017 Springer Nature Limited under the Creative Commons Attribution 4.0
International License (http://creativecommons.org/licenses/by/4.0/). (d) Schematic illustration of Schottky defect and Frenkel defect in a crystal
lattice. Schottky defect forms when ions with opposite charges leave their lattice sites so as to maintain an overall electroneutrality. Frenkel defect
happens when one atom or smaller ion leaves its lattice site and lodges in a nearby position, thus becoming an interstitial and creating a vacancy. (e)
Typical structural families of inorganic electrolyte (lithium atoms are marked by green spheres).
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a R R R R2 ( ) 2( )A X B X= + = + (2)

whereRA, RB, and RX represent the ionic radii of A, B, and X ions,
respectively, with values generally obtained from the Shanon
and Prrewitt (SP) approach,20,21 as shown in Table 1. If there
exist a mismatch in the ionic radii, for example, a decreased size
of the A ions, the BX6 octahedra will tilt in order to fill space. As a
result, the original cubic cell will be distorted, producing a lower
crystallographic symmetry. The ratio of the two expressions in
eq 2, named Goldschmidt tolerance factor t,22 is then used to

evaluate the structural symmetry, or to predict the existence of
new perovskite structure compounds, as described in equation:

R R
R R

t
2 ( )

A X

B X
=

+
+ (3)

The basic cubic perovskite structure has t≈ 1, such as SrTiO3
(t = 1.009, calculated with the Shannon ionic radii). However,
most antiperovskite and perovskite materials adopt lower-
symmetry structures (or hettotypes). Statistical analyses indicate
that the t values of cubic perovskite mostly drop in the range of
0.9−1.0, while t values in the range of 0.8∼0.9 correspond to
tetragonal or orthorhombic perovskite structures, and lower t
values give other structures with even lower crystallographic
symmetry. On the other hand, if the t value is larger than 1 due to
an oversized A or an under-sized B the cubic lattice will be
destroyed and converted to hexagonal lattice (e.g., BaNiO3 with
t = 1.13). The BX6 octahedra in this case are face shared, in
contrast to the classical corner-sharing pattern for perovskites. In
fact, there has been controversy related to the classification of
compounds with the face-sharing or edge-sharing octahedral
network.29 This paper will focus on the classical pattern of
corner-sharing octahedra. Goldschmidt tolerance factor t has
been extensively used to predict the formability of potential
perovskite and antiperovskite structures. However, it should be
noted that it is a necessary but not sufficient condition. There are
some inorganic compounds that do not possess perovskite
structure but still have t values in the favorable range of 0.8−1.0,
such as Al2O3−B2O3, Li2O−As2O5, and Cu2O−P2O5 systems.30

The Goldschmidt method is mainly focused on the effect of A-
site ions on the stability of whole structures, which ignores the
formability of BX6 octahedra. In fact, an undersized B ion cannot
afford intimate contact between the ion and the six X ions
around it, lowering the coordination number and ultimately
decreasing the stability of BX6 octahedra. Octahedral factor μ
was thus introduced as a complement to the Goldschmidt
tolerance factor,30 as described in equation:

Figure 2. (a) Octahedral frameworkmodel of cubic X3BA antiperovskite. (b) Schematic illustration of the in-phase and out-of-phase tilting modes. (c)
BX6 octahedron tilting directions relative to the pseudocubic cell axes. Tilt axes in Glazer notation are displayed as ax, ay, and az. Also shown are the two
independent tilts θ about [110] and ϕ about [001] as applied by Wolf and Bukowinski,36 and the one tilt Φ about the 3-fold axes [111] as
demonstrated byO’Keeffe andHyde.37 θ,ϕ, andΦ can be related by vector operation. (d) Illustration of the cubic (Pm3̅m), tetragonal (P4/mbm), and
orthorhombic (Pnma) structures with Glazer notation. (e) Free energy of the perovskite structure as a function of normalized tilts θ/θ0 and ϕ/ϕ0
plotted in a three-dimensional (3-D) space. Reproduced with permission from ref 38. Copyright 1998 Academic Press. (f) A 2-D form of (e). It
displays the energy minimum in the double-well potential.

Table 1. Effective Radii of Some Common Cations and
Anions Used for Perovskite/Antiperovskite Materials

cation
ionic radius

(pm) ref anion
ionic radius

(pm) ref

Li+ 76 21 F− 133 21
Na+ 102 21 Cl− 181 21
K+ 138 21 Br− 196 21
Ag+ 115 21 I− 220 21
Be2+ 45 21 O2− 140 21
Mg2+ 72 21 S2− 184 21
Ca2+ 100 21 Se2− 198 21
Sr2+ 118 21 Te2− 221 21
Ba2+ 135 21 [HCOO]− 136 23
Al3+ 54 21 [BH4]

− 203 24
Ga3+ 62 21 [AlH4]- 266 24
In3+ 94 21 [BF4]

− 243 24
Ti4+ 61 21 [BCl4]- 329 25
[NH4]

+ 146 23 [OH]− 140 26
[H3NOH]

+ 216 23 [CH3]
− 260 26

[CH3NH3]
+ 217 23 [NH2]

− 171 26
[H3N-NH2]

+ 217 23 [SCN]− 250 27
[(CH2)3NH2]

+ 250 23 [ClO]− 170 27
[NH2(CH)NH2]

+ 253 23 [SO4]
2− 276 28

[C3N2H5]
+ 258 23 [SeO4]

2− 297 28
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A reasonable μ value has been commonly proposed to be larger
than 0.414 (or 2 1− ); however, there is no defined upper
limit of μ, with samples of perovskite structures possessing μ =
0.89.31 A two-dimensional (2-D) structural map has been
proposed based on the tolerance factor t and the octahedral
factor μ (known as the t-μ map),30,32 providing a reliable
prediction on the formation of ABX3 perovskite structures.More
recently, a new tolerance factor τ was also developed in an
attempt to provide higher accuracy in predicting the stability of
the perovskite structure,33 which has the form:
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where nA is the oxidation state of A cations. The formability of a
perovskite structure increases as the τ value decreases, with a
maximum value of 4.18. It might be feasible to use the
aforementioned structural descriptors as a reference to guide the
selection of chemical composition for antiperovskite electro-
lytes. However, it should be noted that they are only a rough
estimate, and the practicality and accuracy have not been
systematically verified yet.
2.2. Distorted Structure

Structure distortion is the most common phenomenon in
antiperovskite and perovskites. Even the perovskite prototype
CaTiO3 mineral (t = 0.973) displays a certain degree of
distortion from the ideal cubic symmetry. Distortion appears to
be driven not only by internal factors such as changes in
composition, but also in response to external stimulus such as
changes in temperature and pressure. According to the above
discussion, the cubic antiperovskite will collapse and form a
distorted structure if the dodecahedra cavity cannot be filled by a
small cation on the A site. For example, the cubic antiperovskite
electrolyte Li3OBr approaches a more distorted structure when
more Br− anions are successively substituted by the smaller Cl−

anions, which is accompanied by a decreased tolerance factor t
from 0.91 for Li3OBr to 0.85 for the chlorine-counterpart
Li3OCl. Temperature-related structure distortion can be well-
demonstrated by the lithium-halide-based quaternary com-
pounds, LiBr·H2O and Li2(OH)Cl. Both of these possess cubic
antiperovskite structure with Pm3̅m space group at slightly
elevated temperatures (above 33 and 35 °C, respectively), but
adopt low-symmetry orthorhombic structure below the critical
temperatures (with a space group of Cmcm and Pmc21,
respectively). As a result, they showed a significant drop in
ionic conductivity even with minor temperature changes near
the critical point. Pressure triggered lattice distortion is often
discussed in geosciences and takes place under extreme
conditions.34 However, pressure plays a more complicated
role as compared with temperature in regulating structure
distortion. Distortion from the cubic symmetry may increase,
decrease or even cross over with increasing pressure, as
displayed by GdFeO3-type perovskites.

35

It is worth noting that the influences of composition,
temperature and pressure on structure distortion are interre-
lated. Modification of the chemical composition could in turn
affect the temperature- or pressure-driven lattice distortion,
which benefits the maintenance of extraordinary physiochemical
properties that previously displayed at strict conditions to milder
conditions. For example, the orthorhombic-to-cubic transition

at 35 °C in the aforementioned Li2(OH)Cl antiperovskite
electrolyte can be completely suppressed by lithium doping and
replaced by a tetragonal-to-cubic transition at−60 °C, providing
sufficient temperature range to maintain the highly conducting
cubic phase with higher ionic conductivity.39 Considering the
potential existence of superionic conducting phases with even
higher symmetry than Pm3̅m in the mixed-halogen antiper-
ovskite electrolyte Li3OCl0.5Br0.5 at elevated temperatures (10−1

S/cm and 10° S/cm 248 and 266 °C, respectively), retaining the
same crystal lattice at room temperature would be highly
desirable. To achieve this goal, a deep understanding of the
nature of the lattice distortion process and phase transition is
necessary.
Lattice distortion can be attributed to three mechanisms:

octahedral deformation, dynamic A- or B-site off-centering, and
octahedral tilting. The first mechanism, octahedral deformation,
is the result of Jahn-Tell distortion of cations which possess
partially filled d shells (e.g., Cu2+, Mn3+).40 The second
mechanism is also related with electronic instabilities of metal
cations. The long-pair cations on the A sites (e.g., Pb2+, Bi3+) or
high-valent d0 cations on the B sites (e.g., Ti4+, Nb5+) tend to
shift out of the coordination center under the second-order
Jahn−Teller effect. The third mechanism is responsible for most
distorted cases. It occurs as a result of tilts of rigid BX6 octahedra
to accommodate A ions if they are too small for the 12-fold sites
within the original octahedral network. In these cases, the A-X
bond lengths will be adjusted, changing the A-site coordination
from the original 12 to a minimum 8 depending on the tilting
pattern, while the first coordination sphere around the B-site ion
will remain unchanged in order to achieve the lowest energy
mode.41 Octahedral tilting can be also explained by the
vibrational instability of the crystal lattice. It is known that
crystalline lattice vibrates under finite temperatures (denoted as
phonon). Some lattice vibrations are stable, but some vibrations
along particular directions are not, for example the Brillouin
zone-boundary phonon modes M3 and R25. These specific
phonon modes undergo critical softening and condensation (or
freezing-in) processes as pressure or temperature changes,
which has been recognized as the driving force for octahedral
tilting.42 As shown in Figure 2b, the M3 soft mode corresponds
to the in-phase tilt, where rotations of the adjacent octahedra
proceed in the same sense. R25 corresponds to the out-of-phase
tilt, where rotations of the adjacent octahedra are in the opposite
sense. Combination of the in-phase and out-of-phase tilts thus
leads to the formation of distinct space groups.
Glazer has developed a simple classification system and

related these combinations to the unit cell geometries in
perovskites.43,44 In Glazer notation, octahedral tilting is viewed
as a combination of component tilts around three orthogonal
Cartesian axes that are coincident with the axes of the cubic unit
cell in aristotype ([100], [010], and [001] in Figure 2c). The
tilted structure is described as a*b*c*, in which a, b and c
represent unequal angles of tilt around the [100], [010], and
[001] directions, respectively. Letters may appear repeatedly in
the case of equal tilts around the different axes. The superscript *
adopts + , −, or 0 to indicate the in-phase and out-of-phase tilts
or no tilt, respectively. For example, the notation of a−a−c+ for
the orthorhombic structure represents out-of-phase titles along
the [100] and [010] directions with same tilt angles and in-phase
tilt along the [001] direction (Figure 2d). A total of 23 tilt
systems were identified in all possible combinations of titling in
Glazer notation, and 15 of them were confirmed via group-
theoretical analysis later.45 Other notations based on two tilts θ

Chemical Reviews pubs.acs.org/CR Review

https://doi.org/10.1021/acs.chemrev.1c00594
Chem. Rev. 2022, 122, 3763−3819

3768

pubs.acs.org/CR?ref=pdf
https://doi.org/10.1021/acs.chemrev.1c00594?urlappend=%3Fref%3DPDF&jav=VoR&rel=cite-as


and ϕ36 or only one tilt system Φ37 were also developed to
describe distortion. Figure 2e shows the free energy of
perovskite structure as a function of θ and ϕ, which clearly
reflects a minimum energy well change from the multiminimum
well in the orthorhombically distorted phase to the singe-
minimum well in the cubic phase at the transition temperature,
and explain the softening phenomena accounting for octahedral
tilting.38 The octahedral tilting theories are of great significance
for researchers, through which the possible sequences or routes
of the successive Ph. Transit from the ideal cubic phase to other
low-symmetry phases can be revealed clearly, thus helping to
predict new antiperovskite/perovskite structures or to under-
stand the new properties triggered by minor changes in
composition, temperature or pressure. Detailed discussion on
the octahedral tilting patterns and corresponding connections to
order parameters can be found elsewhere.42

2.3. Mixed Sublattice and Ordering

Antiperovskite and perovskite compounds have extraordinary
structural flexibility with regard to anionic and cationic
replacements and tolerance to ionic defects, which has been
used with much success to build new materials or to optimize

physiochemical properties of parent materials based on rational
design. In this part, a summary of the structural features of the
antiperovskite/perovskite derivatives with mixed ions on the
crystallographic sites will be presented. The presence of mixed
ions can be found on the A, B, or X site with a disordered
arrangement, and in varying proportion.11,46−48 For example,
antiperovskite electrolytes Li3OCl1−xBrx and Na3OBr1−xIx
possess a disordered A sublattice composed of halide ions.11,49

These halide ions are randomly distributed on the A sites under
a statistical occupation. Therefore, structures with these
disordered sublattices are also known as solid-solution
structures.
The sublattice arrangement also proceeds in a more

interesting pattern, the ordered-pattern, characterizing perov-
skites and antiperovskites. This ordering behavior occurs mainly
on A or B sites, which has been investigated experimentally and
theoretically, and a detailed description on this topic can be
found elsewhere.40 The unit cell of the corresponding structures
will be enlarged as a result of sublattice ordering, leading to
simple A′A″B2X6 or A2B′B″X6 “double perovskite/antiperov-
skite”, or complex A′A″B′B″X6 “quadruple perovskite/anti-
perovskite” if ordering occurs on both sites. The ordered

Figure 3. (a) A- and B-site ordering schemes in perovskites and antiperovskites. (b) Rietveld refinement curves of the XRD data for the disordered and
ordered LaBaCo2O6 perovskite. The inset shows a magnified area where a small change in the peak width is observed. (c) High-resolution electron
microscope images and corresponding selected area electron diffraction patterns along the [100] direction for the disordered and ordered layered
LaBaCo2O6 perovskite. The superstructure of the ordered LaBaCo2O6 (1:1 ordered stacking of LaO and BaO layers) is clearly identified by the
doubling of the cell parameter along the [001]* direction with respect to the simple perovskite cell of the disordered LaBaCo2O6. Reproduced with
permission from ref 58. Copyright 2008 American Chemical Society. (d) Charge difference versus ionic radius difference for A2B′B″X6 perovskites.
Reproduced with permission from ref 59. Copyright 1994 Elsevier Ltd.
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arrangement has three different styles, as shown in Figure 3a. In
the first style, the A or B sublattice is alternatively occupied by
the two different ions in all three dimensions, forming a pattern
that is similar to cation and anion arrangements in a rock salt
structure, for instance the NaBaLiNiF6 and the mineral
elpasolite K2NaAlF6.

50,51 In some cases (e.g., BaLaMn2O6 and
La2CuSnO6),

52,53 the different ions in A or B sublattice alternate
in only one direction, which allows the formation of the layered
order. Ordering may proceed in the third style, a columnar
arrangement, where the two ions alternate in two directions
(e.g., CaFeTi2O6 and NdSrMn2O6).

54,55 The above three
ordering styles can be described in another way by using the
alternating direction, which results in the <111>, <100>, and
<110> ordering corresponding to rock salt, layered and
columnar ordering, respectively. It is worth noting that the
sublattice arrangement will become more complicated if
chemical species is considered in addition to the chemical
order. In addition, the above discussion is just based on the
precondition that the ratio of the two different ions is 1:1; in fact,
other ratios including 1:2 and 1:3 are also possible.56 The variety
of A (or B) sublattice would be remarkably widened by
combining the chemical order and species. X-site ordering
occurs mostly when accompanied by A-site (or B-site) ordering
and vacancies on X sites. “Pure” X-site ordering has been rarely
reported, with SrMO2N (M =Nb, Ta) compounds being one of
the limited examples. These compounds have demonstrated an
interesting partial oxide-nitride order in the X sublattice, where
oxide and nitride are arranged in a 1O/2(O0.5N0.5) order.

57

Similar to the structure distortion, the subtle structural
difference caused by sublattice ordering in perovskite or
antiperovskite cannot be determined conclusively through
powder X-ray diffraction alone in some cases (Figure 3b).
Other characterization techniques, such as high-resolution
electron microscope and corresponding selected area electron
diffraction pattern studies, are suggested to reveal the difference,
as shown in Figure 3c. Very often in previous perovskite and
antiperovskite research, sublattice ordering was not identified.
However, it may have profound influence on materials’
physiochemical properties. This can be well demonstrated by
the representative case of disorder−order phenomena in
LaBaMnO6 perovskite. By controlling the oxygen pressure,
LaBaMnO6 perovskite with disordered or ordered La

3+ and Ba2+

were synthesized and displayed distinctly different colossal
magnetoresistance properties.52 The Curie temperature was
only 270 K for the disordered phase, but it increased to 335 K for
the ordered phase.
The driving force for the sublattice ordering in perovskite and

antiperovskite structures is a highly interesting topic, however, it
is not fully understood. Generally, thermodynamic competition
between different structural arrangements is dominated by
entropy under the synthesis conditions for most inorganic
compounds, therefore statistically disordered arrangement is
preferred. To overcome this preference and turn to ordered
arrangement, a strong enthalpic motivation must be provided.
Large differences in charge, ionic radius or coordination
preference between the ions have been recognized as such
motivations after intensive research efforts. Sublattices com-
posed of these ions are prone to ordering, which provides lower
lattice strain and better local charge neutrality.60 Because of the
unique structural flexibilities, perovskite and antiperovskite
structures are able to accommodate distinct ions in the same
sublattice, thus leading to the observed ordering phenomena.
The minimum differences that are required for ordering have

not been described quantitatively from the structural point of
view, as they may vary from each other in different chemical
systems; however, research based on statistical investigation of a
large number of A′A″B′B″X6 perovskites or perovskites may
provide a reasonable estimation. As shown in Figure 3d, a plot of
B-site charge difference versus ionic radius difference was
constructed and clearly showed the tendency of ordering in
perovskites when the charge difference was larger than two, and
disordering when the charge difference was less than two. Both
ordered and disordered arrangement were identified when the
charge difference was two, while the ordered structures
dominated when ionic radius difference was larger than 0.2
Å.59 Nevertheless, this ordering behavior based on charge
difference in perovskite may be less common in antiperovskite
systems as the A and B sites in antiperovskites are primarily
occupied by anions, which have fewer potential reduction states
as compared with cations and therefore result in relatively small
charge difference. The reported Li6OSI2 and Na6SOI2 electro-
lytes are rare cases of antiperovskite with ordered sublatti-
ces.26,61 According to the reports, the B sublattice is composed
of alternatingO2− and S2− anions in a rock salt arrangement. The
ordering phenomena in these cases might arise from the radius
difference (0.4 Å) as there in no difference in charge. Therefore,
more double antiperovskite structures with ordered anion
sublattice could be prepared by employing this strategy and
introduce some new properties. However, structure determi-
nation based on single crystal diffraction, synchrotron X-ray
diffraction, neutron diffraction or electron microscopy may be
needed to distinguish the subtle structural changes. As
mentioned above, simply matching the powder diffraction
patterns from normal laboratory X-ray machines with those of
already-known structures is unreliable.

2.4. Vacancy and Grain Boundary

Crystallographic defects are the most common phenomena in
crystalline materials, including metals and inorganic com-
pounds. There are four basic types of defects depending on
the dimensions, which are point defects, linear defects, planar
defects and bulk defects. Point defects correspond to irregular
places that have a missing or extra atom (or molecule
hereinafter). They include lattice vacancies (unoccupied lattice
sites in an otherwise prefect crystal), self-interstitials (original
atoms in space between regular atoms on lattice sites), impurity
interstitials (foreign atoms in space between regular atoms on
lattice sites), antisite substitutions (original atoms occupying the
wrong lattice sites), and impurity substitutions (foreign atoms
on lattice sites). Linear defects, also known as dislocations,
describe a group of neighboring atoms that are not in their
regular positions. Planar defects are interfaces between two
homogeneous regions within a material, such as grain
boundaries (interfaces between two grains of different
orientations) and stacking faults (deviation of the lattice
stacking sequence). Bulk defects are 3-D defects, such as voids
(clusters of atoms missing from the lattice) and precipitates
(clusters of atoms forming a different phase).
Among these defects, lattice vacancies are particularly

common in perovskites/antiperovskites. In fact, perovskites
and antiperovskites are known for their capability of
accommodating a high-concentration of vacancies in the crystal
lattice while maintaining the overall structural stability. The A-,
B- or X-sites in these structures can be partially or even fully
vacant. Partial atom replacement is often identified in ionic
perovskites/antiperovskites as well as other inorganic com-
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pounds, and usually give rise to nonstoichiometric compounds
in which the chemical formulas depart from the integral ratio of
A:B:X= 1:1:3. The nature of these deficient structures can be
understood from a perspective of aliovalent substitution where
host atoms are replaced by foreign atoms with distinct valence
states. For example, Ca2+ (ionic radius = 99 pm) substitutes for
Na+ (ionic radius = 102 pm) in antiperovskite Na3OCl. Ca

2+

cation should fit well on a Na-site forming a CaNa
• defect

(according to the Kröger-Vink notation62); however, to
maintain electrical neutrality, a second Na+ should be stripped
from the lattice, resulting in a Na-site vacancy,VNa′ . The deficient
structures are also caused by simply removing ions from the
crystallographic sites. For example, Li+ cations in antiperovskite
Li3OCl may be depleted under some circumstances (e.g., high-
temperature sintering), leaving VLi′ defects. The negatively
charged defects are compensated by positive chlorine vacancies
(VCl

• ). These pairs of vacancies are the Schottky defects shown in
Figure 1d. Occasionally, the deficient structures are caused by
misplacing one of the host ions in crystal lattice. It usually occurs
in ionic compounds with small cations and large, highly
polarized anions. The small cations will be probably
accommodated in the interstices of the host lattice instead of
the original crystallographic sites if the cavity is large enough,
leading to the Frenkel defect in Figure 1d. In perovskite/
antiperovskites, this defect structure can be engineered by a
precise control on the size of dodecahedra cavity through
octahedra unit selection or octahedra distortion. The high defect
tolerance in perovskite/antiperovskites can be better demon-
strated by compounds with highly vacant or even fully vacant A-,
B-, or X-site, as shown in Figure 4a. For example, fluoride
perovskites □AlF3 and □FeF3, and hydroxide perovskites
□In(OH)3 and □Sc(OH)3 have completely empty A-sites.
Many halide perovskites possess half vacant B-sites structures
with the general formula of A2B□X6, such as in Cs2Sn□I6, and
Cs2Ti□Br6.

63 Antiperovskite compounds Hg3□3Q2I2 (Q = S,
Se, and Te) and Fe2□OSe display highly vacant X-sites.64,65 It is
noteworthy that the B-site vacancies would interrupt the
extended connectivity between the BX6 octahedra in some

cases, leading to the so-called “zero-dimensional (0-D)”
perovskite/antiperovskite derivatives. Misunderstanding of
these structures may occur by treating them as electronically
isolated structures based on the structural dimensionality. In
fact, these structures, though not connected geometrically, can
maintain the close-packed network of X ions as in the
stoichiometric ABX3 that affords orbital overlap with neighbor-
ing octahedra.63 These vacancy structures and their arrangement
(e.g., ordered vacancy) in crystal lattice have been intensively
studied as they may have significant influence on material
properties. The early work on these aspects was reviewed by
Mitchell et al.41

Compared with the most popular vacancy-type defect in
crystalline materials, grain boundaries (Figure 4b) have drawn
much less attention despite their wide existence, probably due to
the difficulties in controlling grain boundary formation and
understanding the complex relationship between the structure
and overall performance. Nevertheless, this type of defect cannot
be ignored particularly in perovskites/antiperovskites research,
as they have demonstrated profound influence on the properties,
which may be positive or negative. Generally, deformation
movement through a solid tends to stop at a grain boundary;
therefore, the existence of reasonable high-density grain
boundaries contributes to good mechanical properties. Crystal-
line inorganics with fine grains are usually much stronger than
those with coarse grains. However, grain boundaries are
sometime harmful to material properties that are depended on
carrier motion as it may stop at grain boundaries. For example,
the grain boundaries in perovskite solar cells often cause
nonradiative recombination losses, resulting in the decreased
output.66,67 Another typical example is their impact on ion
mobility in SSEs, which is the topic of this paper. The ionic
motion along and across the interface is usually hampered due to
the introduction of undesirable interfacial structures or chemical
disorder.68 Although there exist enormous challenges, delving
into the characteristics of grain boundaries is meaningful, and
can help to guide future antiperovskite electrolyte designs that
minimize or even utilize the influence of such defects.

Figure 4. Schematic illustration of several typical derivative structures from the cubic ABX3 aristotype. (a) Vacant structures (X-site ions are omitted in
the middle image to better display the B-site vacancy). (b) Grain boundary structure. (c) Derivatives with polyatomic units. (d) Layered structures.
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2.5. Polyatomic Units and Dynamic Rotation

The crystallographic sites of most inorganic compounds are
occupied by elementary ions, which is not the only case in
perovskite and antiperovskite materials. As described above,
these materials usually possess large dodecahedra cavities and
outstanding framework flexibility, enabling a group of ions or
molecules to be accommodated inside the dodecahedra cavities,
which we named as polyatomic unit structures (including
polyanions and polycations) (Figure 4c). These structures have
been extensively reported in organic−inorganic hybrid perov-
skite materials for solar cells, where the A-sites are occupied by
organic molecules, for example CH3NH3

+ and CH(NH2)2
+ in

methylammonium lead iodide ([CH3NH3]PbI3) and formami-
dinium lead iodide ([CH(NH2)2]PbI3), respectively.69,70

Inorganic polyatomic units have also been observed in ionic
perovskites and antiperovskites, such as Tl4

4+, NO2
−, SO4

2−,
ZnBr4

2−, and FeS4
5− inorganic groups in perovskite [Tl4]-

SnTe3,
71 antiperovskite Na3ONO2,

72 K3[SO4]F,
73 Cs3Br-

[ZnBr4],
74 and Ba3Br[FeS4],

75 respectively. Though less
reported, it is also possible to form perovskites/antiperovskites
with polyatomic units on the B-sites. Typical examples are the
antiperovskite Li2(OH)Br and Li2(OH)Cl compounds, in
which B-sites are OH− anions. Polyatomic units like CN−,
SCN−, and HCOO− have also been successfully introduced on
the X-sites as elongated ligands,76 which allows the lattice to be
extended. The introduction of the polyatomic units can enlarge
the cell volume, and in the meantime enrich the local chemical
environment, leading to a vast increase in complexity and
potentially introducing new properties. For example, an
enhanced stability may be achieved due to the additional
supramolecular interactions through hydrogen bonds, Coulomb
interactions, or van der Waals interactions.
From a structural standpoint, the formation of perovskites/

antiperovskites with polyatomic ions or molecules on crystallo-
graphic sites can be evaluated by the corresponding tolerance
factors. However, the effective ionic radii must be established
first, which remains challenging. As described above, the ionic
radii of elementary ions can be readily obtained through the
Shanon and Prrewitt (SP) approach.20,21 For the nonspherically
symmetric units, the bond lengths vary due to the supra-
molecular interactions (e.g., hydrogen-boding interactions in
organic CH3NH3

+ cation), making it difficult to define the ionic
radius. Even for the highly symmetrical units (e.g., NH4

+), radius
changes significantly as their counterbalancing ions. Therefore,
the effective ionic radii of these polyatomic units have not be
determined conclusively yet. With the assumption of polyatomic
units’ free rotation about their centers of mass, Kieslich et al.
suggested a set of effective ionic radii for organic units (as shown
in Table 1).23 The ionic radius of inorganic units (MYn) was
defined as the sum of the bond length of M-Y and the ionic
radius of Y.24 Although these ionic radii are not exact, they can
be employed to estimate the tolerance factor and thus evaluate
the formability of a new structure before synthesis.
The introduction of the polyatomic unit structures triggers an

interesting dynamic disorder phenomenon. Unlike the elemen-
tary ions, the polyatomic units possess intrinsic geometries with
internal degrees of freedom.77 They are usually rotationally
mobile at temperatures above certain critical point. Similar to
the octahedral tilting described in Section 2.2, the dynamic
disorder associated with polyatomic unit rotation occurs when
the potential energy surface has a multiminimum well at the
corresponding temperature (Figure 2e), and the structure is
fluctuating between these local minima. The residence time of

polyatomic units in various preferred orientations is extremely
short, which has been proposed to be in the pico-second time
scale according to multiple methodologies, such as quasi-elastic
neutron scattering,78 solid-state nuclear magnetic resonance,79

dielectric relaxation,80 and molecular dynamics simulation
studies.81 Therefore, it manifests as an averaged structure with
a relatively high degree of symmetry. However, the rotation of
polyatomic units is restricted or even becomes “frozen out” as
temperature decreases, usually accompanied by a structural
distortion and decrease in the overall structural symmetry. For
example, the temperature-dependent average structures of
CH3NH3PbI3 perovskite have been studied by powder neutron
diffraction.82 Structure refinement results revealed that the
CH3NH3

+ cations were orientationally disordered (3-D
disorder) in the cubic phase above 327 K and adopted four
possible orientations along <100> and equivalent directions (2-
D disorder) in the tetragonal phase at 180 K, and were
eventually aligned and directed into the square face of the unit
cell (fully ordered) in the orthorhombic phase at 100 K.
Considering that the simultaneous octahedra framework
distortion was quite weak, the behavior of the polyatomic
units might trigger the responds of overall structures, namely the
continuous second-order phase transition started from 327 K
and the first order transition at 165 K as revealed by
temperature-dependent diffraction data. Certainly, the proper-
ties of perovskites/antiperovskites will be affected as a result of
the dynamic disorder in polyatomic units. However, it changes
case by case; detailed influence on ionic conduction will be
discussed later.

2.6. Layered Structures

As mentioned above, the extended connectivity between the
BX6 octahedra a the major characteristic or requirement for
perovskite/antiperovskite structures, although structural devia-
tions may occur, for example when structure vacancies exist.
Here, another case with repeated broken BX3 backbones will be
introduced, which is the layered derivatives. Ruddlesden−
Popper (RP) phases are a typical example of such layered
structures.83 In the RP phases, which have a general An+1BnX3n+1
(or (AX)(ABX3)n) formula, the 2-D ABX3 slabs composed of n
layers of corn-connected octahedra are separated by one AX-
rock salt layer, and are offset by half a unit cell (1/2, 1/2)
transition from each other, as shown in Figure 4d. RP phases
have been reported in oxide perovskites (e.g., Sr2RuO4 (n = 1),
Sr3Ru2O7 (n = 2), and Sr4Ru3O10 (n = 3)) and halide perovskites
(e.g., Cs2PbI2Cl2 (n = 1) and Cs2SnI2Cl2 (n = 1)).84,85 RP
phases have also been found in antiperovskite compounds, for
example Li7O2Br3 and Na4OI2, which have been studied as ionic
conductors.86,87 Dion-Jacobson phases, with a general formula
of A′[An‑1BnX3n+1], possess a similar layered structure. In this
structure, the ABX3 slabs are separated by a large A′ ion layer
while the displacement of ABX3 slabs is either nothing (Figure
4d), or (1/2, 0) depending on the type of A′ ions.88 The
formation of this structure can be treated as a result of the steric
demand from the large A′ ion (elementary ion or polyatomic
ion) that cannot be accommodated in the BX3 cage. The 3-D
BX3 network is thus broken along the stacking direction and
keeps the continuous octahedra connection along the
perpendicular plane.

2.7. Differences between Antiperovskite and Perovskite

In the preceding sections, we have summarized some key
structural features that are shared by antiperovskite and
perovskite. At the end of this part, we emphasize the structure
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differences between antiperovskite and perovskite, particularly
the advantages of antiperovskite over perovskite structures for
SSE applications. On the one hand, the electronic structure of
the perovskites and antiperovskites are related to the different
ions. X-site anions and B-site cations in normal perovskite
structures dominate the contributions at the valence band (VB)
region and conduction band (CB) edges, respectively. However,
the contributions are inverted in antiperovskite structures with
X-site cation contribution in the CB region and B/A-site anion
contribution in the VB region, therefore leading to the inverted
band structure.89 This change may introduce significantly
different physical properties, such as electrical conductivity,
optical absorption/emission and magnetism, since they are
determined by the characteristics of electronic structures.
On the other hand, from the viewpoint of structure design, a

divalent anion is generally larger than a monovalent anion from
the same period (e.g., O2− > F−) and should be more suitable for
the A-site in ionic antiperovskites. However, a competing
situation may arise considering that the B-site can offer a closer
proximity to cations and thus be favorable for the divalent anion
because of the stronger Coulombic attraction. Therefore, an
inverse anion arrangement on A- and B-sites in addition to the
normal pattern can be anticipated in antiperovskite systems. In
fact, a number of natural-occurring and synthetic antiperovskite
compounds have been identified with such inverse structure,
such as Na3FSO4, K3FSO4, Na6FCl(SO4)2, and Na2CaFPO4
minerals,90 and synthetic Ba3Br(FeS4)

75 and Cs3ZnBr5.
74 In

contrast to antiperovskites, ionic perovskites show much less

cases with the inverse structure as the effects from both sides
contribute to the same, regular ion arrangement on A- and B-
sites (cation arrangement in this case). Cations with higher
chargemay enter the A-site of a perovskite when it is significantly
larger than the other type of cation (other geometric descriptors,
like tolerance factor, should also be considered), but it was only
observed in very limited cases such as BaLiF3.

91 The additional
ion arrangement choice in antiperovskite structure is a potential
advantage in designing new electrolyte materials by providing
more opportunities to modify both A-site and B-site so as to
improve the ionic conductivity or moisture stability, which will
be discussed later.
Moreover, Li+ (or Na+) cations in perovskite structures are

located in either A-sites or B-sites, for example A-site Li+ in
LLTO and B-site Li+ in BaLiF3. The concentration of Li+ in
perovskite structures is usually restricted to a maximum 20 at%
as in BaLiF3, where Li

+ cations are not mobile in this case.91 The
Li+ concentration is even lower in the Li-conducting LLTO
perovskite as a large portion of A-sites are occupied by La3+

cations to maintain its overall structural stability. In contrast to
perovskites, the X3BA antiperovskite structure can provide an
extraordinarily high Li+ concentration (e.g., 60 at% of Li in the
prototypical antiperovskite Li3OCl).

11 This unique structural
property may promote a large concentration of vacancies
through appropriate defect engineering, and potentially
contribute an unusual ionic conductivity as a result. In addition,
the high-Li content in antiperovskite also helps to alleviate the

Figure 5. Development of Li+/Na+ conducing antiperovskite electrolytes versus year. The room-temperature (unless otherwise noted) ionic
conductivities are listed (unit: S/cm). * represents results from simulation. Ag+ conducting Ag3SI antiperovskite is listed to show the origin of ionic
conducting antiperovskite study.
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reduction and density problems caused by the existence of the
high-valency metals in conventional perovskite electrolytes.
Last but not least, the generally lower charges of A, B, and X

ions in antiperovskites lead to the lower crystal lattice energy as
compared with that of perovskites. The charge states of A−, B−,
and X− ions in typical antiperovskites are −1, −2, and +1,
respectively, which, however, correspond to +2, +4, and −2 in
typical perovskites (i.e., oxide perovskites; halide perovskites are
not included here due to the lack of Li+/Na+ conducting phase).
According to the Kapustinskii equation that has been developed
by Kapusinskii and generalized by Glasser, the lattice energy of
crystalline antiperovskite is approximately four times smaller
than that in perovskite.92 Therefore, antiperovskites usually have
much lower melting points (e.g., 320 °C for Li3OCl and 2000 °C
for CaTiO3). As mentioned above, this extraordinarily low
melting points in antiperovskite electrolytes will provide a direct
route to prepare large-area, dense electrolyte films for practical
large-size solid-state batteries. Similarly, the vacancy formation
energy is also lower in antiperovskite structures compared with
that in perovskite (e.g., 0.93 for the Schottky vacancyVLi′ −VCl

• in
antiperovskite Li3OCl

93 in contrast with the value of 2−3 eV in
CaTiO3

94), suggesting that it is easier to form Schottky vacancy
in antiperovskite structures which contribute to a potentially
higher ionic conductivity in antiperovskite structures.

3. ION-CONDUCTING ANTIPEROVSKITE
STRUCTURES: HISTORY AND STATUS

The development of Li/Na conducting antiperovskite structures
is reviewed in this section. As shown in Figure 5, the
investigation of ionic conducting X3BA antiperovskites can
date back to as early as 1960s when Reuter et al. reported the
Ag3SI compound as an Ag+ conductor.95−97 It was not until
1990s that the first Na+ conducting antiperovskite structure with
the standard X3BA stoichiometry was reported by Müller et al.98

The obtained Na3OBr was investigated as a high-temperature
Na+ conductor, which gave an ionic conductivity in the order of
10−5 to 10−4 S/cm at a high temperature of 230 °C. In 2012, the
first Li+ conducting X3BA-type antiperovskite (i.e., Li3OCl) was
designed and synthesized by Zhao et al.,11 and employed as a
room-temperature Li+ conductor due to the excellent Li+

conduction at ambient condition. The proposal of the new
electrolyte was based on a long-year research experience on
NaMgF3 mineral, which has been also known for the superionic
conductivity (of F− anion) at elevated temperatures. Therefore,
the “electronically-inverted” antiperovskite Li3OCl (or ClOLi3)
was designed considering that it might allow Li+ superionic
conduction by mimicking F− conduction in NaMgF3. The
obtained Li3OCl and a modified form of Li3OCl0.5Br0.5 showed
ionic conductivities of 0.85 × 103 and 1.94 × 103 S/cm,
respectively, and reached superionic conducting of σ > 10−2 S/
cm as temperature exceeds 250 °C. The successful demon-
stration of Li3OA electrolyte as room-temperature ionic
conductors verified the effectiveness and practicability of
X3BA antiperovskite structure for ionic conduction, which
have stimulated extensive research efforts with much success on
this topic.
Before the first report of classic Li3OA antiperovskites, a series

of Li3OA analogues had been studied as Li+ conductors, which
were the Li3‑n(OHn)A (n < 3; A =Cl, Br, I) compounds. Lithium
halide hydrates (LiA·H2O, or Li(OH2)A) are a representative of
the Li3‑n(OHn)A series. As shown in Figure 6a, LiA·H2O
compounds possess a nearly identical structure to the standard
Li3OA antiperovskite, with just minor change on Li occupation
and additional hydrogen bonded to oxygen. In the LiA·H2O
only one-third of the 3d positions (corresponding to the A-sites
in standard X3BA antiperovskite) are occupied by Li+, while the
positions are fully occupied in Li3OA. Therefore, the cubic LiA·
H2O can be viewed as a protonated Li3OA antiperovskite, and a
Li-conducting property can be anticipated in view of the 67% of

Figure 6. (a) Schematic illustration of the connection among the LiA·H2O, Li2(OH)A, and Li3OA series electrolytes. The brown, red, green, and blue
spheres represent halide (A−), oxygen (O2−), lithium (Li+) and proton (H+) ions, respectively. The incomplete green and blue spheres in the simplified
LiA·H2O and Li2(OH)A structure models represent partial occupation. TheOH groups in LiA·H2O and Li2(OH)A are in rotational disorder as will be
discussed in detail in Section 5.1. (b) Schematic illustration of LiCl·H2O, LiBr·H2O, LiI·H2O, Li2(OH)Cl, Li2(OH)Br, Li2(OH)Cl, Li3OCl, Li3OBr,
and Li3OI crystal structures at various temperatures.
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structural Li vacancies. The diffusion behavior of Li+ in LiA·H2O
was observed with the cubic LiI·H2O in 1965 based on the
nuclear magnetic resonance (NMR) resonance of lithium. It was
found that Li+ diffused among the face-center positions with an
activation energy of 13.5 kcal/mol.99 More than 15 years later,
the ionic conductivity of LiI·H2O was given quantitatively
through impedance measurement, showing a value of 1.4× 10−6

S/cm at room temperature and 1.1 × 10−3 S/cm at 100 °C (in
deuterated sample).100,101 It is interesting that the higher
conducting cubic phase is not retained in LiCl·H2O and LiBr·
H2O at room temperature; instead, it is replaced by a low-
conducing orthorhombic phase, resulting in poor ionic
conductivities (in the order of 10−8 S/cm39). However, the
ionic conductivity of LiBr·H2O would suddenly increase to 2
orders of magnitude higher when temperature exceeds 33 °C
because of the first order transition from orthorhombic
symmetry to cubic symmetry.102 Although great efforts been
devoted to improving the ionic conductivity of these anti-
perovskite structures, for example the addition of inorganic
particles (e.g., Al2O3, SiO2),

103 the challenge of generally low
conductivities at room temperature still exist. Moreover, these
compounds have been identified as unstable in contact with
lithiummetal,102 which further hinders their application in solid-
state lithium metal batteries. Therefore, less attention has been
paid to the antiperovskite LiA·H2O electrolytes.
Lithium halide hydroxides, Li2(OH)A, are another represen-

tative of Li3‑n(OHn)A antiperovskite series, which have been
synthesized from the LiOH-LiA binary molten salts and studied

as SSEs during the same period of time as LiA·H2O
development. Two thirds of the Li positions in Li2(OH)A are
occupied, leading to a higher Li concentration than that in LiA·
H2O, while 33% of structural Li vacancies are maintained in
Li2(OH)A. It is interesting that the first-order phase transition
observed in LiA·H2O also exists in Li2(OH)A series (Figure 6b).
However, the transition proceeds at a much lower temperature
in Li2(OH)A, for example, at only 35 °C for Li2(OH)Cl (95 °C
for the LiCl·H2O counterpart). The critical phase transition
temperature has not been reported in Li2(OH)Br, probably due
to the extremely low value as the cubic phase still exist in
Li2(OH)Br even down to −50 °C. Li2(OH)I, on the contrary,
has a high transition temperature and shows only orthorhombic
symmetry over the temperature range of interest. Therefore,
only Li2(OH)Br antiperovskite possesses the high conducting
cubic phase at room temperature and shows the highest ionic
conductivity in Li2(OH)A (10−6 S/cm).104 Li2(OH)Cl can give
a notably high ionic conductivity of 10−4 S/cm at 50 °C (cubic
phase), but is as low as <10−8 S/cm at room temperature
(orthorhombic phase).39 It is noteworthy that an intermediate
tetragonal phase might exist between the cubic high-temper-
ature phase and orthorhombic low-temperature phase;105

however, the lattice parameters of the tetragonal phase (a =
3.91 Å, b = 3.91 Å, c = 3.92 Å) are very close to that of the cubic
phase where a, b, and c are equal. This phase is not discussed
here for clarity.
Given the high ionic conductivity displayed by the cubic

Li2(OH)Cl antiperovskites above the transition temperatures, it

Figure 7. (a) Nyquist impedance and corresponding fitting curve for the glassy Li2.99Ba0.005OCl at 25 °C. The surface area and thickness of the sample
are 1.76 cm2 and 0.2 cm, respectively. (b) Arrhenius plot of the ionic conductivity of the glass electrolyte in comparison with that of AgI. (c) Calculated
electronic band structure for the glassy Li2.92Ca0.04OCl electrolyte. (d) Photograph of the as-prepared glass electrolyte. (a) and (c) are reproduced with
permission from ref 13. Copyright 2014 The Royal Society of Chemistry. (b) and (d) are reproduced with permission from ref 106. Copyright 2016
The Royal Society of Chemistry.
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has become a research focus to suppress the phase transition into
noncubic phases so as to maintain the high conductivity at low
temperatures. The generally lower phase transition temperature
in Li2(OH)A compared to that in the LiA·H2O series indicates
the influence from proton content and suggests the need for a
modification route based on deprotonation or lithiation.
Metallic Li and butyllithium are common deprotonation
reagents. By using these reagents, a series of antiperovskite
compounds with noninteger H numbers in the chemical formula
have been prepared, including Li2.17(OH0.83)Cl, Li1.16(OH1.84)
Cl and Li1.04(OH1.96)Br. These deprotonated sample demon-
strated significantly decreased critical phase transition temper-
atures compared to the corresponding starting antiperovskites
with integer H numbers. For example, the critical temperature
for cubic to the noncubic phase transition in Li2(OH)Cl is
decreased from 35 °C to −60 °C for the deprotonated form of
Li2.17(OH0.83)Cl.

39 B-site substitution (i.e., to remove O and H
together) provides another option to suppress the phase
transition in Li2(OH)A series, which is easier to perform than
the chemical deprotonation route and thus beneficial for large-
scale production. By partially replacing the OH− with F− ions,
the orthorhombic Li2(OH)Cl was successfully transformed into
a room-temperature cubic phase which could provide a faster
ionic conduction.104 It should be noted that these deprotonation
processes are accompanied by reduced Li vacancies. A balance
must be found in order to maximize the ionic conductivity at
room temperature, which could be an interesting topic for future
antiperovskite electrolyte research.
Conclusively, Li2(OH)A electrolytes are of considerable

research interest nowadays due to their easy synthesis,
reasonable ionic conductivities as well as the low electronic
conductivities (2 orders of magnitude lower than the LiA·H2O
counterpart). Moreover, Li2(OH)A antiperovskites have
intrinsic Li vacancies that do not exist in perfect Li3OA
antiperovskites. The ionic conductivity of the Li2(OH)A series
has been increased to 3.5 × 10−5 S/cm at 25 °C and 1.9 × 10−3

S/cm at 100 °C with the development of Li2(OH)0.9F0.1Cl.
104

Although there is still a gap between the present conductivity
and the requirement for solid-state battery application, it is
believed that Li2(OH)A antiperovskite electrolytes with faster
ionic conduction will be synthesized via structure engineering
and composition optimization, as the intrinsic structural features
are beneficial for doing so while the present attempts are far less
than that for conventional electrolytes investigation.
It should be noted that the perfect X3BA antiperovskite

structures might be recognized as a disadvantage for ionic
conduction as they do not have intrinsic defects that are the
charge carriers in ionic conduction. This point has been
demonstrated by Zhao et al. in their original work in 2012 as the
Li3OCl product was actually prepared as a LiCl-depleted form.
They also proposed several methods for defect engineering in
antiperovskite electrolytes, such as mixing, doping and
depletion.11 Braga et al. later reported a series of divalent-
cation-doped Li3OCl antiperovskites (Li3−2xMxOCl, M = Mg,
Ca, Sr or Ba), which, if prepared in a glassy form, could afford a
record-breaking ionic conductivity at that time (2.5 × 10−2 S/
cm at 25 °C and 2.4 × 10−1 S/cm at 100 °C for Li2.99Ba0.005OCl
sample) (Figure 7a).13,106 It was suggested that the open
structure of glassy sample facilitated ionic hopping and
contributed to the high conductivity. It is a remarkable fact
that the glassy samples could be prepared into dense films
without grain boundaries and pores. This might also contribute
to the high conductivity of the electrolyte films. It was also

suggested that the divalent cation doping could create vacancies
and lower the activation energy for Li+ diffusion. These
modifications lead to the much lower activation energy of the
glassy samples (e.g., 0.06 eV of Li2.99Ba0.005OCl compared with
0.49 eV of Li3OCl, Figure 7b). Moreover, the calculated
electronic band structure of the glassy sample showed a large
band gap of 4.74 eV (Figure 7c), indicating a wide range of
electrochemical stability. The electronic conductivity of the
glassy sample reached 1.05 × 10−8 S/cm, which is lower than
that of the representative LLZO electrolyte (5.5 × 10−8 S/cm).
The lower electronic conductivity is highly desired and believed
to be beneficial for dendrite-free Li plating.107 Following the idea
of glassy electrolyte, Braga et al. prepared a series of doped Li-
and Na-based glassy analogues and employed them in Li−Li
symmetric cells and full cells with both demonstrating amazing
performances.16,106,108

The research on Li/Na antiperovskite electrolytes has also
been extended to structural modification other than composi-
tion manipulation, which is marked by the development of
layered antiperovskite electrolytes, such as Li7O2Br3 and
Na4OI2.

86,87 These phases correspond to the RP phases (general
formula An+1BnX3n+1) showed in Figure 4d. The structure of
Li7O2Br3 can be understood by stacking two layers of corn-
connected Li3OCl slabs and one layer of LiCl in succession.109

The existence of the layered Li7O2Br3 phase in a major Li3OBr
phase was found beneficial for ionic conduction. With more
layered phases formed in the Li3OBr, the composite was
identified with higher conductivity and lower activation energy.
The maximum weight percentage of Li7O2Br3 phase in the
composite was achieved at 44%, which corresponded to a room-
temperature ionic conductivity of 2.4 × 10−5 S/cm and
activation energy of 0.4 eV. The conductivity was more than
20 times higher than that of Li3OBr alone (10

−6 S/cm), while
the activation energy was reduced by close to half (0.7 eV for
Li3OBr).

86 The mechanism for the enhanced ionic conduction
was attributed to Li2O depletion in layered structure. The RP
phase antiperovskite structure An+1BnX3n+1 is usually treated as
an AX-doped structure from cubic antiperovskite ABX3.
However, Zhu et al. suggested another description, a BX2-
depleted structure from the ABX3, that is, depleting one Li2O
layer in every three Li6O octahedral layers.86 From this
viewpoint, the layered antiperovskite structure is a deficient
Li3OBr structure with sufficient Li and O deficiencies, which
may explain the higher ionic conduction compared with the
“defect-free” Li3OBr. It will be more interesting if pure phase
layered structure is prepared, which, however, has not been
reported. Very recently, Lu et al. also suggested the low-
dimensional antiperovskite structures for ionic conduction from
a viewpoint of simulation.110 They constructed a series of Li−
O−Cl antiperovskite models with various dimensions including
3-D X3BA, 2-D X4BA2, one-dimensional (1-D) Li6BA4 and 0-D
X5BA3 (X = Li, Na, K, Rb; B = O, S, Se, Te; and A = F, Cl, Br, I),
and studied the Li diffusion within these models via first-
principles computations. They revealed a trend of lower Li
migration barriers as the dimensionality decreases, which was
attributed to the smaller bottlenecks and the softening of
octahedral rotation modes in antiperovskite structures with
lower dimensions. Among these models, the 1-D Li6OCl4 and
Li6OBr4 were predicted to have an Li ionic conductivity above
10−3 S/cm and meanwhile possess small energy above the hull
(i.e., small decomposition energy to form stable phases). The
computed ionic conductivity and activation energy of the 1-D
Li6OCl4 even reached 7.4 × 10−3 S/cm and 0.172 eV,
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respectively.110 The corresponding band gap was calculated to
be as high as 4.3 eV, indicating an intrinsic electrical insulation
and a potential wide electrochemical stability window. The
investigation of diverse low-dimension antiperovskite structures
provides a new direction for optimizing antiperovskite electro-
lytes, which will be very interesting from a structural point of
view. Meanwhile, the properties demonstrated by these new
structures are quite attractive for a practical application in full
cells. However, these structures, even if theoretically available,
are highly likely in metastable phases due to the relatively weak
intramolecular bonding, like the case in synthetic Li7O2Br3. It
can be predicted that corresponding material synthesis will be
very challenging. We surmise that possible solutions may lie in
the kinetic control (e.g., by quenching) or stabilization from
element doping, which will be discussed later.
Structure modification of Li/Na antiperovskite electrolytes

has also been performed with the introduction of large
polyatomic units to replace the single ions on crystallographic
sites. In 2017, Fang et al., based on a computational simulation,
proposed a new Li antiperovskite structure composed of BH4

−

polyatomic ions on the A-sites (i.e., Li3O(BH4)). BH4
− is

composed of four hydrogen atoms and one boron center
tetrahedrally bonded by the hydrogen atoms, and has a very
similar ionic radius to Br− (see Table 1). In fact, BH4

− is one of
the well-known “superhalogens”, which have been suggested to
replace the halogen ions due to the similar chemistry but
stronger electron affinity compared with halogens.111,112 BH4

−

and some other superhalogens have been used to reduce the
halogen content in perovskites for high-stability solar cells.77,113

The introduction of BH4
− polyatomic ions into Li3OA

antiperovskite electrolytes turned out to be effective in triggering
highly desirable properties, including a higher thermodynamic
stability, a wider electrochemical stability window and enhanced
mechanical properties and a lighter weight in Li3O(BH4), while
maintaining the high ionic conductivity (1.0 × 10−4 S/cm at
room temperature, close to the 1.2 × 10−4 S/cm for simulated
Li3OCl) and low activation energy (0.301 eV, almost identical to
the 0.303 eV for Li3OCl). The room temperature ionic
conductivity was improved to 2.1 × 10−4 S/cm when chemical
disorder was further introduced into Li3O(BH4) by mixing

BH4
− with Cl−. Later, Fang et al. extended their investigation to

a set of A-site cluster ions, including BH4
−, AlH4

−, BF4
−, and

BCl4
−, and revealed several superionic conducting phases with

possible higher stability.24,25 The simulated ionic conductivity of
Li3S(BF4) reached 1.4 × 10−3 S/cm at room temperature with
an activation energy of 0.210 eV. The band gap was also
increased to 8.5 eV, compared with the 7.0 eV Li3OBH4 and 5.0
eV of Li3OCl, suggesting a potential wider electrochemical
stability window in Li3S(BF4). The ionic conduction property
was further improved in the Li3S(BF4)0.5Cl0.5 model, showing an
ionic conductivity as high as 1.9 × 10−2 S/cm and an activation
energy as low as 0.176 eV. Considering that the absolute
conductivity values are usually underestimated in theoretical
investigation by, for example, the fixed volume in the MD
simulations of these cases, the actual ionic conductivity might be
higher, for example above 10−1 S/cm for Li3S(BF4)0.5Cl0.5 as
suggested by Fang et al.24 All the above polyatomic ions were
anions with charge number negative one and were designed to
partially or fully replace the A-site halogen ions in standard X3BA
antiperovskite electrolytes. Note that this is not necessarily the
only choice. In fact, the Li2(OH)A series mentioned previously
could be treated as modified antiperovskite structures from
Li3OA with OH− group substitutions on the B-sites. Moreover,
the original B-site oxygen anions in X3BA structures could also
be replaced by polyatomic ions with charge number negative
two, for example, SO4

2− and SeO4
2−.28 In this case, the large

polyatomic ions would move to A-sites while the original
halogen ions enter B-sites, leading to the inverse antiperovskite
structures. The formulated Na3(SeO4)F0.5Cl0.5 antiperovskite
structure demonstrated a high Na+ conductivity of 8.167 × 10−3

S/cm at room temperature and low activation energy of 0.137
eV. Furthermore, it showed a consider stability in air and a wide
electrochemical stability window (up to 4.215 V versus Na+/
Na).
These simulation results are quite exciting; however, they

need to be verified from experiments. Such attempts have been
made in 2019 by Sun et al.14 who reported the influence of
introducing BH4

− and BF4
− polyatomic ions into X3BA-type

antiperovskite structures from experimental investigation. They
failed in synthesizing Li-based antiperovskite with the target

Figure 8. (a) Schematic illustration of Na3O(BH4) structure. (b) DSC curse for Na3O(BH4). (c) Temperature dependence of the conductivity of
Na3O(BH4). Reproduced with permission from ref 14. Copyright 2019 American Chemical Society.
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polyatomic ions, but successfully prepared a Na-based counter-
part, Na3O(BH4) (Figure 8a), from the solid-state reaction of
Na2O and NaBH4 mixtures. This new material was identified
with antiperovskite structure and exhibited a high ionic
conductivity of 4.4 × 10−3 S/cm at room temperature and low
activation energy of 0.25 eV, making it among the most
promising low-temperature Na+ conductors. Moreover, it is
interesting that the expected phase transition associated with
rotation order at low temperatures was also not reflected from
both DSC and conductivity tests on Na3O(BH4) (Figure 8b,c),
which has been usually observed in structures with polyatomic
units, such as in Li2(OH)Cl.39 The synthesis of highly
conducting Na3O(BH4) might be an important progress in the
development of Na+ antiperovskite electrolytes even though the
first polyatomic ion structure has already been reported in
Na3O(NO2) and Na3O(CN) electrolytes nearly 30 years
ago.98,114 Before the report of Na3O(BH4), ionic conductivities
at the close level for crystalline antiperovskite electrolytes were
only obtained at very high temperatures (Figure 5). However,
the air stability and electrochemical stability window were not
reported in this paper, which, we believe, will be a very
interesting and important point in future electrolyte research.
Double antiperovskite is another common structural mod-

ification to standard X3BA antiperovskite, as discussed in Section
2.3. Recently, this modification has also been introduced to the
development of new antiperovskite electrolytes for enhanced
ionic transport. In 2018, Wang et al. formulated a new double
antiperovskite structure Li6OSI2 based on first-principles
simulation.26 In this structure, the B sublattice is alternatively
occupied by O and S (probably in the rock salt pattern shown in
Figure 3a, not described in the original work), leading to a face-
centered cubic unit cell with Fm3̅m space group instead of the
primitive cubic structure with Pm3̅m space group. The simulated
Li6OSI2 structure was found to be thermodynamically stable, in
contrast to the metastable Li3OCl. It is known that S

2− has lower
affinity to Li+ as compared with O2−, and generally contributes
to faster Li motion in S-based electrolytes than O-based
electrolytes. The simulated Li6OSI2 structure also demonstrated
lower activation energy for Li+ diffusion compared with the
Li3OCl counterpart (0.26 and 0.303 eV for Li6OSI2 and Li3OCl,
respectively). The activation energy was further decreased to
0.18 eV in an off-stoichiometric form of Li6OSI2 (i.e.,
Li25O4S5I7), accompanied with a high ionic conductivity of
1.25 × 10−2 S/cm at room temperature. Na+ conducting double
antiperovskite analogues have also been simulated,28,61 with the
highest room temperature ionic conductivity achieved in a

Li25O4S5I7 phase (1.04 × 10−2 S/cm). These simulations
theoretically demonstrated the effect of S-introduced chemical
ordering on improving ionic conduction, which was further
verified from experiment results later. In 2019, Xu et al. reported
an off-stoichiometric double antiperovskite Li6.5OS1.5I1.5 phase
that was synthesized from amixture of Li2S, Li2O and LiI.115 The
as-prepared crystalline Li6.5OS1.5I1.5 sample exhibited a nearly 2
orders of magnitude enhancement in ionic conductivity as
compared with the synthesized Li3OCl (2.28 × 10−2 and 3.66 ×
10−4 S/cm at 75 °C for Li6.5OS1.5I1.5 and Li3OCl, respectively).
The activation energy was significantly decreased to 0.48 eV
(0.874 eV of Li3OCl).

115 It is worth noting that the measured
ionic conductivity of Li3OCl in this work was much lower than
the value obtained by Zhao et al.,11 probably due to the influence
of severe grain boundary resistance to ionic conduction, which
will be discussed in detail.
With the development of these new antiperovskite structures,

the Li/Na ionic conductivities of antiperovskite electrolytes
have been significantly increased. As shown in Figure 9, some of
them give ionic conductivities that are among the best reported
data for all kinds of inorganic electrolytes and are comparable to
or even superior to that of the liquid electrolytes. It is also noted
that the prototype antiperovskite electrolytes Li3OX show
extremely wide band gaps (∼6.0 eV) that can be comparable to
that of lithium phosphorus oxynitride (LiPON) electrolytes (see
Table S1 in the Supporting Information). The wide band gaps
were associated with negligible electronic conductivities, which
has been regarded as an essential property for SSEs to provide
effective ion transport and improve the electrochemical
performance by suppressing Li dendrites and interfacial
reactions. The high ionic conductivities and low electronic
conductivities make antiperovskite electrolytes particularly
attractive to the research communities, not to mention other
properties, such as the excellent stability toward lithium metal
anode, mild synthesis condition, and relatively low prices of the
raw materials.

4. SYNTHESIS APPROACHES FOR ANTIPEROVSKITE
ELECTROLYTES

Sintering at elevated temperatures and high-energy ball milling
are the most frequently used methods for synthesizing inorganic
SSEs. These methods are also applicable for most antiperovskite
electrolytes. Nevertheless, some conducting phases of anti-
perovskites are metastable and can be hardly prepared with
sufficient purity through the conventional solid-state reactions.
Some newmethods, such as gas-phase synthesis or high-pressure

Figure 9. Arrhenius conductivity plots for some representative (a) Li and (b) Na ionic conductors.
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synthesis, are introduced to prepare desirable new anti-
perovskite phases. Because of the high reactivity of anti-
perovskite electrolytes in moist air, the above reactions are
performed under inert atmospheres. Recently, a liquid-phase
synthesis strategy has raised broad interest due to the mild
reaction condition and the simplicity brought for electrode
manufacturing. The possibility of liquid-phase synthesis of
antiperovskite electrolytes is also discussed.

4.1. Sintering

Typically, antiperovskite electrolytes are prepared by sintering
appropriate mixtures of Li (or Na) salts at elevated temperatures
(mostly in the range of 300−400 °C). The applied temperatures
are significantly lower than that in traditional oxide electrolytes
synthesis, which is a potential advantage for antiperovskite
electrolytes from the viewpoint of mass production. The
prototypical Li2(OH)A (A = Cl or Br) series electrolytes can
be readily prepared from the mixture of dry LiOH and LiA, with
a reaction time of less than one hour.105,116,117 On the other
hand, the proton-free counterpart Li3OA can be hardly prepared
without impurity from the mixture of Li2O and LiA at these
temperatures, which is associated with the metastable nature of
the Li3OA structure. It has also been predicted from calculations
that the metastable Li3OA can be stabilized by entropy.118,119

Annealing the Li2O and LiA mixtures at higher temperatures for
a prolonged period of time can increase the phase purity.
However, most of the mixtures still remain unreacted even
though they are heated at 500−600 °C.104 This is largely caused
by the sluggish diffusion through the product phase that separate
the reactants. The as-formed molten Li3OA is likely to form a
coating layer on the surface of solid Li2O (melting point 1438
°C120), thus separating Li2O from LiA (melting point: LiCl-610
°C; LiBr-550 °C121). The extraordinary reactivity between
LiOH and LiA in preparing Li2(OH)A electrolytes is attributed
to the formation of the interesting eutectic systems at low
temperatures. For example, the mixture of LiOH and LiBr under
a molar ratio of 1:1 melts at only 284 °C, which is significantly
lower than the melting point of the constituent salts (477 and
550 °C for LiOH and LiBr, respectively),122 as shown in Figure
10. Therefore, a homogeneous mixture of the reactants at the
molecular level can be provided in this case, which promotes

faster reaction kinetics. Moreover, the subsequent cooling
process is also important, which affects the phase purity or
texture of the final product. A fast cooling rate may help to
alleviate the decomposition of metastable phases and are
therefore often suggested in the high-temperature synthesis
route.11,117

Given the challenge in preparing Li3OA from dry Li2O and
LiA, an indirect route based on a Li2(OH)A intermediate might
be an alternative method for synthesizing Li3OA. It has been
demonstrated that continuous heating at 330−360 °C and
pumping the LiOH-LiCl melt under high vacuummight remove
protons (in the form of H2O) from the system and drive the
chemical equilibrium toward the formation of Li3OCl.11

However, the removal of H from Li2(OH)A structures involves
the cleavage of covalent O−H bonds that are not easy to break.
The reaction conditions including high vacuum and long-time
heating adopted in this work are energy- and time-consuming,
while the H content in the final product was not given.
Alternatively, soft chemical deprotonation might be a more
efficient method to remove H from Li2(OH)A. The highly
reductive lithiummetal is a common deprotonation reagent that
readily reacts with Li2(OH)A through eq 6.39,123 H atoms can
escape from the molten system in the form of hydrogen gas. LiH
compound with negatively charged H− can break the O−H
bond more effectively and has been suggested to replace lithium
metal in Li2(OH)A deprotonation via eq 7:124

Li (OH)A xLi Li (OH )A
x
2

H2 2 x 1 x 2+ → + ↑+ − (6)

Li (OH)A xLiH Li (OH )A xH2 2 x 1 x 2+ → + ↑+ − (7)

Li (OH)A xC H Li Li (OH )A xC H2 4 9 2 x 1 x 4 10+ → + ↑+ −
(8)

To accelerate the conversion process, the reaction involving
Li metal or LiH is conducted above the melting point of
Li2(OH)A. Butyllithium (n-BuLi, C4H9Li) is another common
deprotonation reagent and could provide wet chemical
deprotonation at room temperature. For example, Li2.4(OH0.6)
Cl and Li1.16(OH1.84)Cl were prepared from a suspension of
Li2(OH)Cl and LiCl·H2O, respectively, by adding n-BuLi in
hexane.39,105 After stirring the reaction solution at room
temperature for a period of time, the deprotonated sample
was obtained after filtering and drying under mild vacuum. The
side product of the reaction is n-butane gas (eq 8), which escapes
from the system. It is noteworthy that the degree of
deprotonation through any of the three routes is associated
not only with the ratio of the reactants, but also with the reaction
conditions, such as temperature, time and pressure. A
thermodynamic limitation may also exist in these reactions.
Therefore, the addition of excess deprotonation reagent alone
does not guarantee complete removal of proton from Li2(OH)-
A, as has been observed in several cases.105,124 An in-depth
investigation on the H-content in the product is desirable.
4.2. Ball-Milling

High-energy ball-milling synthesis has been widely employed as
an important complement to the high-temperature sintering
route for the synthesis of inorganic SSEs. It induces chemical
reactions through the application of mechanical force in the
form of collisions between the milling balls and reactants. The
merit of this mechanochemical process is that it can overcome
the diffusion limitation in solid-state reaction without the need
for bulk solvent or high temperature. The reaction process in

Figure 10. Molten LiOH-LiBr binary system phase diagram.
Reproduced with permission from ref 122. Copyright 2019 Elsevier
Ltd.
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ball-milling synthesis can be understood as the following
steps:125 when the powder reactants are locally compressed
between the milling balls, they undergo plastic deformation, and
get flattened, cold-welded, fractured, and rewelded repeatedly.
The original crystallographic bonds in the reactants break as a
result of the continued mechanical deformation, producing new
high-energy surfaces that enable easy welding of neighboring
particles and promote the formation of new fine powders.
Meanwhile, a variety of defect structures, such as vacancies,
interstitials, dislocations, grain boundaries and stacking faults,
are also likely to increase in quantity and will affect the ionic
conduction in a positive manner, or a negative manner,
depending on the type of the electrolytes. The potential reaction
during the milling process has been found to be dependent on
two aspects.125 One is the material function, such as the
thermodynamic feasibility with negative change in Gibbs free
energy change (△G < 0), and the structures of the reactants
and products, which belong to the intrinsic properties of the
materials. The other is the machine function, such as the ball-
milling time and intensity. This determines the energy that can
be delivered to the reactants and therefore is critical for
managing the reaction pathways as well as the yield. Detailed
descriptions of the variables of machine function can be found
elsewhere.126,127

As discussed above, Li3OX antiperovskite electrolytes can be
hardly synthesized from direct sintering Li2O and LiA mixtures
even at relatively high temperatures due to the diffusion limit.
This drawback can be mitigated by the high-energy ball-milling
treatment. During this process microsize Li2O and LiA reactants
are completely pulverize after the high-energy ball-milling,
producing well-mixed powders, which are normally nanosized.
Therefore, the contact areas between the reactants are
significantly enhanced, which can effectively accelerate the
conversion reaction to crystalline Li3OA in the subsequent
annealing treatment. It has been shown that ball-milling of Li2O
and LiBr for 2 h before annealing (ca. 500 °C) allows for the
production of pure phase Li3OBr in a single pass,124 in sharp
contrast to the existence of large amount of unreacted Li2O and
LiBr in the product from sintering alone.104 In addition to the
increased contact area, prenucleation clusters of the final
product are also likely to emerge in the ball-milled sample, as
has been found in some other inorganic electrolyte systems, such
as Li6PS5Br sulfide electrolyte and Li3ErCl6 halide electrolyte
where crystalline samples can be obtained within only 1 min of
annealing after ball-milling treatment.128,129 The proton-rich
antiperovskite Li2(OH)A, on the other hand, can be directly
synthesized with high purity via ball-milling.104,130 The lattice
constant of the ball-mill synthesized Li2(OH)Br is 4.046 Å,
which matches well with the reported value of 4.046 Å for the
annealed sample.39 The ionic conductivity (ca. 1.1 × 10−6 S/cm
at 25 °C) and activation energy (ca. 0.54 eV) of the product are
almost identical to that of the sample prepared from sintering
alone.130

The above similarities between the ball-milled and sintered
samples are interesting given the huge difference in the particle
size. The ball-milled samples, usually in nanosize, are supposed
to have a higher density of grain boundary and therefore a larger
grain boundary resistance compared with the microsize sintered
product. However, other defect structures, such as Li vacancies
or interstitials, may be also produced with increased density in
the ball-milled samples, which probably offset the influence from
grain boundary to the total ionic conductivity. Very recently,
Yamamoto et al. reported an unusual metastable cubic phase of

Li2(OH)Cl antiperovskite (Pm3̅m) at room temperature from
ball-mill synthesis.131 It is known that the cubic phase of
Li2(OH)A antiperovskites usually promote faster Li+/Na+

motion than other phases with lower symmetry, which is
associated with the OH orientational disorder in cubic phase as
discussed in Section 5.1. However, the desirable cubic phase
normally exists above 35 °C and becomes thermodynamically
stable orthorhombic phase (Pmc21) below 35 °C (Figure 6b).
The cubic Li2(OH)Cl sample was prepared by ball-milling a
mixture of LiOH and LiCl at 700 rpm for 72 h, and it gave an
ionic conductivity of 2.6 × 10−6 S/cm at room temperature.
After heat treatment at 200 °C, the metastable cubic phase
decreased in the sample at room temperature, replacing by the
dominant orthorhombic phase. As a result, the ionic
conductivity decreased by more than 1 order of magnitude (to
only 1.4 × 10−7 S/cm). The formation of the metastable cubic
phase from ball-milling at the lower temperature than that
occurs in common sintering process could be explained by the
low crystallinity that would consequently affect the phase
behavior.131 As has been observed elsewhere, materials with
nanosized crystallites (<100 nm) possess large surface energy
and usually display different phase behaviors from the bulk
samples.132,133 The development of metastable Li2(OH)Cl by
ball-milling directly demonstrates the difference between the
ball-milled and sintered samples, and shows the potential of
producing unusual or metastable phases by the ball-mill
approach. Further investigations on the local structure of the
ball-milled antiperovskite samples as well as the structural
evolution process are of fundamental importance for the
development of new antiperovskite electrolytes from this
method.

4.3. Gas-Phase Deposition

Gas-phase synthesis has been widely employed in preparing
inorganic SSE membranes for thin-film batteries.134,135 This
method involves the formation of vapor phase of reactants and
subsequent nucleation and growth of product on substrates.
Homogeneous mixing of the reactants at atomic or molecular
level can be achieved in this method, therefore providing an
opportunity to break the diffusion limitation in conventional
solid-state reactions. Pulsed laser deposition (PLD) is one of the
gas-phase deposition techniques, in which the target is ablated
by a pulsed laser, forming a plasma containing the target atoms.
The advantage of this technique is that the highly focused laser
can effectively deliver energy to a localized area and ensure the
evaporation of target materials even with a very low vapor
pressure, such as some metal oxides. The as-formed plasma is
highly energetic (typically 10−100 eV136) and is likely to
undergo rearrangement on the surface of the substrate.
Therefore, it permits chemical reactions between the reactants
in addition to the well-known physical transfer process.
By using this method, an antiperovskite electrolyte film with a

thickness of 2 μmwas prepared from a preformed bulk “Li3OCl”
target (with some hydroxyl radicals).137 The as-deposited
crystalline film gave an ionic conductivity of 8.9 × 10−6 S/cm
at room temperature, which was higher than that of the bulk
target (5.8 × 10−7 S/cm). The corresponding activation energy
was 0.36 eV, which is much lower than the value of 0.59 eV for
the bulk target. In another attempt by the same group, a mixture
of Li2O and LiCl raw materials (1:1 molar ratio) was directly
used as the target for PLD,138 making the overall production
process more efficient. High-quality Li3OCl films were readily
deposited on different substrates (e.g., Li-coated silicon and
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stainless steel) using the composite target. The X-ray diffraction
(XRD) pattern confirmed the complete conversion from Li2O
and LiCl mixtures to pure phase antiperovskite Li3OCl, in sharp
contrast to the poor conversion in conventional solid-state
reaction. Moreover, the ionic conductivity of the as-formed
Li3OCl film was measured to be 2.0 × 10−4 S/cm at room
temperature, which is substantially higher than that of the
aforementioned film deposited from bulk “Li3OCl” target (8.9×
10−6 S/cm). The Li diffusion activation energy of the new film is
0.35 eV, which is almost identical to the value of 0.36 eV
reported for the film deposited from the bulk “Li3OCl” target. It
was found that the Li3OCl film deposited from the raw material
mixture possesses larger grain size and higher crystallinity.138

This may explain the higher ionic conductivity in this sample as
the large grain size would reduce the grain boundary resistance
which dominates the overall resistance in antiperovskite
electrolytes. Conclusively, PLD permits the formation of
energetic plasma of the reactant atoms and could facilitate
rapid chemical reactions at relatively low temperatures during
deposition, therefore affording high-quality antiperovskite
electrolyte films on a number of substrates. A modification to
the target material is also likely to affect the grain boundary
structure and then the ionic conductivity of the deposited films.
Other deposition techniques, such as magnetron sputtering
(MS), atomic layer deposition (ALD), and vacuum evapo-
ration,135 can also be useful in the fabrication of antiperovskite
electrolyte films.

4.4. High-Pressure Synthesis

Pressure is a fundamental variable that would change the
thermodynamic stability of materials, kinetics of chemical
reaction, phase transition, and temperature. It is possible to
obtain new phases that are at the stability boundary and are
quenchable in metastable form to ambient pressure. Moreover,
pressure allows direct and precise tuning of the interatomic
distance that controls the electronic structure and determines
materials properties. It offers a more efficient and cleaner route
to optimize materials properties than chemical tuning and
temperature tuning.139 Therefore, the employment of high
pressure, usually in the range from a few GPa (1 GPa = 104 bar)
to hundreds of GPa, in solid-state materials synthesis and
characterization has emerged as a useful route both for new
material development and for understanding existing ones. The
core parameter in this synthetic route is the extraordinarily high
pressure, which is generated mostly with the static compression
technique by using mechanical devices, such as a diamond anvil
cell (DAC), piston cylinder cell (PCC), Bridgman anvil cell, Belt
high-pressure device and multianvil cell. These devices allow
different upper-limit pressures and sample volumes. More
details can be found elsewhere.140,141

High-pressure synthesis has been tested as part of the efforts
to explore the synthetic routes for metastable antiperovskite
phases. For example, Li3OCl and Li3OBr phases have been
reported as the major products from compressing mixtures of
Li2O and LiCl or LiBr under a cubic anvil apparatus.142

Specifically, the starting materials were loaded in a cylindrical
container of hexagonal boron nitride (BN) with NaCl powder as
internal pressure standard. Pressure was transmitted through the
medium made of amorphous boron and epoxy resin mixtures,
while the temperature was controlled through amorphous
carbon as a heating element. It was demonstrated that Li3OCl
was synthesized at a high pressure of 0.5 GPa and a slightly
elevated temperature of 152 °C. The temperature is significantly

lower than that the simulated critical temperature of 207 °C
needed to stabilize the metastable Li3OCl phase,

119 and even
lower than that used for high-temperature synthesis of Li2(OH)
Cl (i.e., 300−400 °C), verifying the contribution of high-
pressure to the thermodynamic stability of material and the
kinetics of chemical reaction. Li3OBr was prepared at a harsher
condition (3.0 GPa and 186 °C), but the temperature is still at a
relatively low level. Investigations on the reaction process by in
situ and real-time synchrotron radiation X-ray diffraction (SR-
XRD) brought insight into the high-pressure synthesis, which
reveals a dehydration mechanism for the formation of Li3OA
compounds under pressure. It was shown that the starting
materials (Li2O and LiCl/LiBr) readily react with atmospheric
moisture and produced Li3(OH)2Cl and Li5(OH)4Br hydrates
first. The intermediates would then form the target Li3OCl and
Li3OBr through the following dehydration reactions at high
pressure:142

Li (OH) Cl Li OCl H O3 2 3 2= + (9)

Li (OH) Br Li OBr 2LiOH H O5 4 3 2= + + (10)

The as-formed phases can be quenched to ambient condition
for further application. Recently, a new series of hydride-based
antiperovskites M3HCh (M = Li, Na; Ch = S, Se, Te)
electrolytes with soft and interexchange anionic sublattices
were synthesized via high-pressure solid-state reactions.143 The
starting materials of MH and M2Ch were mixed, pelletized and
inserted into a boron nitride (BN) container. The assemble was
loaded into a graphite tube heater and enclosed in a pyrophyllite
cube serving as a pressure medium. The device was then pressed
at 5 GPa, heated to 700 °C, and kept for 2 h, following by cooling
down to room temperature in 5 min and then pressure release.
Attempt to synthesize the metastable compounds at ambient
pressure (700 °C for 12 h) from the same starting materials was
unsuccessful.143 Therefore, high-pressure tuning provides a
valuable tool in the search for new phases that cannot be
accessed at ambient conditions. Using a similar method, a new
antispinel Li3OBr phase (space group Fd3̅m) was observed as a
result of phase transition from antiperovskite Li3OBr under
lower pressures (below 2 GPa) and temperatures below 330
°C.144 Note that defect-free antiperovskite Li3OBr is not an
ionic conductor; the new phase is there quite interesting due to
the existence of intrinsic high-concentration octahedral
vacancies that are potentially involved in Li transport and may
promote a promising mobility (1.36 × 10−4 S/cm based on
simulation).145 It is unclear whether this phase is quenchable or
not due to the lack of experimental evidence, but the enhanced
properties exhibited by the high-pressure phase may be
reproduced at ambient pressure through chemical tuning. A
feasible way is to dope smaller atoms into the host lattice so as to
introduce chemical pressure that can mimic the effect of physical
pressure.139

4.5. Liquid-Phase Synthesis

Liquid-phase synthesis of SSEs has attracted growing interest as
it provides a mild reaction condition for producing electrolyte
materials. It is generally performed by mixing the starting
materials with an appropriate organic solvent in a sealed
container at room temperature, followed by removing solvents
at a slightly elevated temperature (usually below 300 °C).
Similar to the production process of commercial cathode
precursors, SSE synthesis from liquid phase can be performed
batch by batch, or continuously by pumping in starting
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materials, offering an opportunity for scale-up synthesis.
Moreover, liquid-phase synthesis is beneficial for the processing
of low-resistive, large-area electrode and electrolyte layers, which
has long been a practical challenge for fabricating bulk solid-state
batteries. Bymixing electrolyte precursor solution with electrode
materials, it can form a uniform layer of electrolyte precipitate on
the surface of electrode particles, thus creating low-resistive
interfaces between the electrode materials and electrolytes in the
as-formed electrode layers after a coating and a drying process.
Micron-thick electrolyte layers can be directly deposited on the
electrodes from the liquid phase, helping to decrease the internal
resistance and enhance the energy density simultaneously. It is
remarkable that the electrode and electrolyte layer formation
processes are compatible with existing battery production lines
and processes, which will bring much simplicity and significantly
reduce the cost in fabricating practical bulk-type solid-state
batteries. Recently, liquid-phase synthesis has been intensively
investigated in the study of sulfide-based electrolytes and solid-
state batteries, and has demonstrated promising results with
respect to the access to a wide range of phases and the high ionic
conductivities displayed by these materials.146−148 Because of
the lower temperatures required in the liquid-phase approach
compared to that needed for sintering, thermodynamically
metastable phases can be readily prepared without the additional
fast-cooling step, for instance the metastable β-Li3PS4 and
Li7P3S11.

149,150 Moreover, many of the products from liquid-
phase approach have displayed comparable ionic conductivities
with those synthesized from conventional high-temperature
sintering or high-energy ball-milling. The ionic conductivity of
the liquid-phase synthesized Li7P3S11 have reached as high as 1.5
× 10−3 S/cm at room temperature.151,152

Despite the fact that some antiperovskite electrolytes can be
readily prepared from the low-temperature molten salt systems
or ball milling, liquid-phase synthesis of antiperovskite electro-
lytes is a worthwhile endeavor helping to provide another
direction for material scale-up and electrode processing and to

introduce potentially different properties. Xu et al. reported the
synthesis of Li6OSI2 electrolyte using 1,2-dimethoxyethane
(DME) as the solvent.115 Continuous stirring of LiI, Li2O and
Li2S in DME for a week produced a colorless precursor, followed
by filtering and drying in vacuum at 60 °C for 24 h. The
precursor was subsequently annealed at 230 °C for 10 h,
resulting in the formation of amorphous Li6OSI2 electrolyte.
This electrolyte displayed an ionic conductivity of 6.15 × 10−3

S/cm at 85 °C, which is close to that of the crystalline
antiperovskite Li6OSI2 sample synthesized by ball milling (8.82
× 10−3 S/cm). This liquid-phase synthesis approach adopted in
this work corresponds to the suspension approach which
represents one of the two main groups in liquid-phase synthesis
of SSEs. The key in this approach is to form reactant dispersion
in organic solvents. DME is a frequently used solvent. Other
solvents such as tetrahydrofuran (THF), acetonitrile (ACN),
ethyl acetate (EA), dimethyl carbonate (DMC), and ethyl
propionate (EP) have also been used for sulfide electrolyte
synthesis,146 and might be useful for tuning the textures and
conductivities of antiperovskite electrolytes.

5. IONIC CONDUCTION MECHANISMS AND
DEVELOPMENT STRATEGIES FOR
ANTIPEROVSKITE ELECTROLYTES

5.1. Ion Dynamics in Antiperovskite Structures

Lithium (or sodium) single-ion conduction is critical for
eliminating concentration gradients and the consequent polar-
ization encountered in current liquid electrolyte-based batteries.
Most inorganic SSEs have a lithium (or sodium) transference
number of close to unity. However, those comprising of small
anions or cations besides the alkali ions may give lower
transference numbers because of the long-range diffusion of
non-Li+ (Na+) ions. Li2(OH)A and LiA·H2O antiperovskite
series possess a large proportion of lattice protons (H+) in the
overall formula; the lattice protons are possible to diffuse within
the crystal structure through the Grotthuss (proton hopping) or

Figure 11. (a) LiBr·D2O structure at T = 330 K based on neutron diffraction. It shows the nonspherical deuteron distribution toward the octahedral
faces of Li6 octahedra. (b) Fourier cut parallel to the octahedral face of a surrounding Li6 octahedron in cubic LiBr·D2O and Li2ODBr. Deuteron
distribution in Li2ODBr is different from that in LiBr·D2O, which points to the edges of the Li6 octahedron. Reproduced with permission from ref 157.
Copyright 1997 Elsevier B.V. (c) Simulatedmean square displacement (MSD) plots for Li, H, O and Cl elements in Li2(OH)Cl at 800 k. (d) Diffusion
density maps for Li and H in Li2(OH)Cl at 800 k. Oxygen positions are represented by red spheres. Chlorine ions are not displayed for clarity. Li-ion
hopping is highlighted by red dash line. Reproduced with permission from ref 158. Copyright 2018 The Royal Society of Chemistry.
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vehicle (self-diffusion of proton species) mechanisms,153,154 as
has been observed in other inorganic compounds such as
Al(OH)3, Ca(OH)2, Mg(OH)2, and many metal−organic
frameworks as an important family of inorganic−organic hybrid
materials.155,156 The long-range proton or anion (e.g., O2−, Cl−)
diffusion, if exists in the Li/Na antiperovskite electrolytes, will
decrease the effective charge carrier number and probably
initiate side reactions with the electrochemically active electrode
materials in addition to the aforementioned polarization issue.
Therefore, it is necessary to elucidate the mobile species before
discussing the ionic conduction mechanisms in antiperovskite
electrolytes for Li/Na solid-state battery application.
The mobility of Li+ (or Na+) ions in antiperovskite structures

has long been recognized. In 1968, Chihara et al. reported the
Li+ diffusion among the face-center positions in LiI·H2O based
on the results of X-ray diffraction and 7Li NMRmeasurements.99

Proton motion was also detected in LiI·H2O antiperovskite,
which manifests as rapid water molecule reorientation at the
body-center lattice position under an extremely high rate (>1
MHz). The rotational motion was observed in the high-
temperature phase; however, it becomes frozen at low
temperature by taking one of 12 equiv orientations. It is
interesting that Li+ diffusion motion was also found to be frozen
over the same temperature range as occurs in water rotation,99

indicating a potential cooperative motion of Li and H. Neutron
diffraction results further explain the dynamical orientational
disorder of the OH− and H2O molecules in the H-rich
antiperovskites. Deuterated samples, Li2(OD)A (A = Cl, Br)
and LiBr·D2O, were prepared for this investigation and
displayed a nonspherical deuteron (D) distribution in their
high temperature disordered phases (Figure 11a). Specifically, D
distribution in Li2(OD)Cl and LiBr·D2O can be described with
split models in which D atoms are oriented toward the
octahedral face of the Li6O octahedra, while the D distribution
in disordered phase of Li2(OD)Br is slightly different and points
to the edges of Li6O octahedra (Figure 11b).157

The investigations based on NMR or neutron diffraction
suggest that both Li and H are disordered in the HT
modifications,99,157,159 which helps to explain the higher
conductivity displayed by the cubic phases. As summarized in
Section 3, although lithium halide hydrates and hydroxides have
a significant amount of intrinsic Li vacancies, they display little
ionic conduction in the noncubic phases with an ionic
conductivity lower than that of the proton-free counter-
parts,39,102 whereas the high-temperature cubic phases can
provide a much higher conductivity. The remarkable difference
arises from the orientational disorder of OH− groups in cubic
modifications as they participate in gating Li+ motion to the
neighboring vacant site through the triangular bottleneck (e.g.,
Cl−O−Cl triangle in Figure 13a). H+ ions are bonded to theO2−

and will hinder Li+ motion by the coulomb repulsion and steric
hindrance once H rotation is frozen.104,160 OH− group rotation
in high-temperature cubic phases could create accessible Li
defects, therefore facilitating Li diffusion.
Although the rotational dynamics of proton has been verified

in the H-rich antiperovskites, this does not exclude the
possibility of long-range proton motion. The lithium trans-
ference number, tLi, in LiBr·H2O antiperovskite has been
investigated by constructing a LixTiS2/LiBr·H2O/LixTiS2 cell
and comparing the transported Li amount in the cell with the
total charge passed, which gave a value of 0.9. This high lithium
transference number suggests that Li+ is the dominant mobile
species in LiBr·H2O antiperovskite electrolyte.161 In 2017, a

study based on Born−Oppenheimer Molecular Dynamics
(BOMD) simulations confirmed the lack of long-range H, O
or Cl diffusion in Li2(OH)Cl for the first time and suggested a
nearly 100% contribution from Li diffusion to the total ionic
conductivity.105 This conclusion was further confirmed recently
based on a combination of computational simulation and
experimental investigation.158 Ab initio molecular dynamics
(AIMD) simulation and solid-state 1H, 2H, and 7Li NMR
spectroscopy were employed to track lithium ions and protons
motion in Li2(OH)Cl. The mean square displacements (MSD)
of all the elements in Li2(OH)Cl from AIMD simulations shows
a linear increase of the Li MSD with time (Figure 11c),
indicating a long-range Li-ion motion. In contrast, proton signal
reaches a maximum value before the end of the simulation time,
demonstrating a localized proton motion that can be ascribed to
OH− group rotation. O and Cl ions are static in the investigated
time range. The inhibited long-range proton transport can be
attributed to the long interatomic distances between adjacent
oxygen ions as the calculated protonMSD is less than 2 Å2, while
the reported O−O distance is 3.91 Å in Li2(OH)Cl.

158 This
distance between two neighboring H is too large to form an
effective hydrogen-bonding network that is necessary to
promote proton conduction (Figure 11d). Considering these
multiple aspects, it is safe to exclude the long-range proton
motion in the crystalline Li2(OH)A series.
It should be noted that the mobility of the ions in SSEs is

strongly dependent on the local structure. Disruption of the
ordered structure in the crystalline antiperovskite electrolytes
through amorphization has demonstrated a significant enhance-
ment to the mobility of alkali ions,13,16 which would be highly
desirable if ionic conduction alone is considered. However, the
enhancement has been attributed to the expanded volume of the
overall phases; this solution might change the mobility of other
ions in the material as well. It has been shown that both Li+ and
Cl− are mobile in the amorphous (or glassy) Li3OCl model
developed from a melt-quench procedure.162 The conductivity
of Li+ and Cl− in Li3OCl glass was found to be 1.19 and 0.23mS/
cm at 27 °C, respectively, while O2− ions displayed negligible
mobility. This corresponds to a Li+ transference number of
about 0.83, which, although is relatively high as compared with
that of liquid electrolytes, is significantly lower than that of
crystalline antiperovskite electrolytes (close to unity).
Conclusively, crystalline antiperovskite electrolytes are single-

ion conductors, but some modifications to the original structure
(e.g., amorphization) might change the mobility of the ions that
are supposed to be “immobile” in the original structure. The
multi-ion conduction in electrolytes, if exists, will be detrimental
to the full cells implanting these electrolytes by causing
concentration polarization, continuous side reaction with the
electrode materials or self-decomposition. Further investigation,
particularly based on experimental characterizations, is signifi-
cant for clarifying this point.

5.2. Li+/Na+ Conduction Mechanism

Ideal antiperovskites with perfect crystal structures are not
ionically conducting. The considerable Li+/Na+ conductivities
in the aforementioned antiperovskites originate from the
existence of high defect concentrations in crystal structures.
Vacancies and interstitials have long been recognized as two
main types of charge carriers in traditional inorganic electrolytes,
which is also applied to the new antiperovskite electrolytes. The
mechanisms of Li+/Na+ transport in antiperovskite structures
via either vacancies or interstitial have been investigated. From a
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geometrical point of view, vacancy-mediated ion transport
would take two independent paths due to the high structural
symmetry of X3BA antiperovskites. One is along the edge of the
X6B octahedra (Figure 12a) and the other is between the vertices
of neighboring octahedra. The former path has been identified
to be higher probability because of the lower energy barrier.118

According to AIMD simulations, the Li migration barrier along
the edge path was found to be 0.367 eV in Li3OCl, in contrast to
1.021 eV of the interoctahedra hops. The value is very close to
that obtained from Monte Carlo simulations, which is 0.340
eV.163 However, the calculated energy barrier for vacancy-
mediated diffusion pathway is still very high and beyond the
experimental result of 0.26 eV for Li3OCl. A much lower energy
barrier has been found with the interstitial migration path in
antiperovskite structures. Instead of being individual units like
vacancies, the mobile interstitial Li+ ions have been suggested to
adopt a dumbbell configuration with Li+ ions from the nearest
octahedron vertex, while the center of the dumbbell locates at
the vertex.93,163 In the process of Li+ diffusion, one of the Li+ in
dumbbell pair (or split interstitial) would move to the
corresponding vertex of the octahedron while the other Li+

would then shift to the neighboring Li site and push the original
Li+ on this site off its position by electrostatic repulsion, forming
a new dumbbell pair centered at the new vertex (Figure 12b).
Therefore, the migration of the interstitial dumbbell involves a
coordinated three-atom move, which can be depicted by the
multi-ion concerted migration in Figure 1c. The energy barrier
of this diffusion path in Li3OCl has been calculated to be 0.170

eV, nearly half of that in the vacancy hop mechanism,163

suggesting a potential faster ionic conduction in antiperovskites
with reasonably high concentrations of interstitial defects.
Although the simulations have suggested a lower energy

barrier in interstitial-mediated ionic diffusion, it does not
necessarily mean that the interstitial mechanism is responsible
for the observed ionic conduction in antiperovskite electrolytes.
It is known that ionic conductivity is directly proportional to not
only the carrier mobility but also the carrier concentration.
Therefore, it is also necessary to consider the formability of
vacancy and interstitial defects in antiperovskite structures.
Thermally excited Frenkel defects and Schottky defects (as
illustrated in Figure 1d) are the major sources of vacancies and
interstitials in pristine Li3OCl antiperovskite for example, as
described as follows:
(a) Li+ Frenkel:

VLi LiLi Li i→ ′ +× •
(11)

(b) LiCl partial Schottky:

V VLi Cl LiClLi Cl Li Cl+ → ′ + +× × •
(12)

(c) Li2O partial Schottky:

V V2Li O 2 Li OLi O Li O 2+ → ′ + +× × ••
(13)

(d) Full Schottky:

V V V3Li O Cl 3 Li OClLi O Cl Li O Cl 3+ + → ′ + + +× × × •• •
(14)

Figure 12. (a) High-barrier Li vacancy migration pathway. (b) Low-barrier Li interstitial migration pathway. Reproduced with permission from ref
163. Copyright 2013 American Chemical Society. (c) Calculated temperature dependence of Gibbs energy (per point defect) in four types of neutral
defects containing Li. Reproduced with permission from ref 93. Copyright 2014 American Chemical Society. (d) Upper panel shows the Na3OBr
crystal structures at 300, 400, and 500 K. The thermal ellipsoids are drawn with 80% probability; lower panel shows the nuclear density distributions of
Na atoms in Na3OBr at 300, 400, and 500 K from MEM analysis at the iso-surface level of 0.03 fm/Å3. (e) 2-D version of the nuclear density
distributions of Na3OBr at 500 K. The yellow arrows indicate the preferable Na+ transport pathways. Reproduced with permission from ref 87.
Copyright 2016 American Chemical Society.
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where defects and perfect sites are noted according to the
Kröger-Vink notation.62 LiLi

× represents a Li+ ion on the Li
crystallographic site, with the superscript × indicating an overall
electric neutrality of this site. VLi′ represents a vacancy on the Li
crystallographic site, which a prime (′) showing the overall one
negative charge. Lii

• is an interstitial Li+ with one positive charge
marked by a dot (•). VO

•• is a vacancy on the O crystallographic
site with two positive charges. LiCl, Li2O, and Li3OCl represent
surface molecules on Li3OCl antiperovskite crystal.
Among these potential defects, Frenkel pairs have been

identified with a generally high formation energy. For example,
by employing density functional theory (DFT) simulations,
Emly et al. gave an estimated formation energy of 1.94 eV for the
Frenkel defects in a 6 × 6 × 6 Li3OCl antiperovskite supercell
model.163 The value was too high and suggested a low degree of
formation of thermally generated interstitials in the crystalline
structure. This result was further verified by Mouta et al., who
calculated the temperature-dependent Gibbs free energies of
formation of the four potential Li-containing defects in Li3OCl
antiperovskite.93 According to their calculation, all the defects
demonstrated decreased formation Gibbs energy as temperature
increased, while the Li+ Frenkel defect showed the highest
formation energy in the investigated temperature range (0−550
k) and an overall low decreasing rate (Figure 12c), showing that
the Li+ Frenkel defect is less likely to form through thermal
excitation alone. In contrast, Schottky defects, particularly the
LiCl Schottky, presented lower formation energies, indicating a
potentially higher concentration of Schottky defects in Li3OCl
antiperovskite. The calculated concentration of Li+ vacancies
(the ratio of vacancy number to Li3OCl number in a unit
formula) created by LiCl Schottky defect reached 1 × 10−7

before the melting point (277 °C), while the concentration of
interstitials associated with Frenkel defects was lower than 1 ×
10−13 at the same temperature.93 Therefore, Li+ vacancies
associated with LiCl Schottky defects have been recognized as
the actual charge carriers in most reports despite the higher
activation energy than that of Li+ interstitials. However, the
assumption might be challenged by the potential existence of
other defects, for example Li+ interstitials from O misplacement
on Cl sites, which formed as follows:

(e) Li2O solution:

Li O Cl Li O LiCl2 Cl i Cl+ → + ′ +× •
(15)

In the reports by Emly and Lu et al., this type of Li+ interstitials
was considered in addition to the interstitials from thermal
excitation of Frenkel pairs.163,164 Theoretical simulations in
these reports showed that these interstitials were also energeti-
cally favorable in antiperovskite with substitutional O on Cl
sites, as the formation energy was between that of Li2O Schottky
and Li Frenkel pair. Recently, Mouta et al. revealed a high-
concentration Li+ interstitials in LiCl-deficient Li3OCl anti-
perovskite structure as a result of introducing O on the Cl
sublattice,165 contrary to the general idea of dominant Li+

vacancies in LiCl-deficient Li3OCl. The number of Li+

interstitials was calculated to be 200 times larger than the
number of Li+ vacancies in LiCl-deficient Li3OCl even at LiCl
deficiency degree as low as 1%. The ratio of Li+ interstitials and
vacancies numbers reached an astonishing value of 1000 at 20%
LiCl deficiency. Therefore, interstitials were recommended as
the main charge carrier responsible for the superionic
conduction in Li3OCl and other antiperovskites electrolytes.

It seems that there exists considerable controversy on the
major charge carrier in simulated antiperovskite structures. The
inconsistence can be understood because different defect
configurations were adopted in the simulation investigations.
For example, Li vacancies or interstitials were treated as
separated charge carriers in some calculations regarding the
activation energy; however, they are more likely to be
surrounded by the corresponding charge compensating defects,
which may exert considerable attraction toward to the mobile
species and therefore reduce the mobility. By considering the
defect pair interaction (eq 16), Lu et al. reexamined the
activation energies (Eactivation) of Frenkel pairs (VLi′ −Lii•), LiCl
Schottky pairs (VLi′ −VCl

• ), Li2O Schottky pairs (VLi′ −VO
••) and

interstitials associated with O misplacement on Cl-sites (Lii
•−

OCl′ ), and revealed different situations as shown in Table 2:

E E Eactivation barrier binding= + (16)

where Ebarrier and Ebinding represent the Li+ migration energy
barrier in the absence of charge compensating defects and the
defect binding energy, respectively.
It can be found from Table 2 that although Li+ interstitials

from Lii
•−OCl′ pairs have a lower migration energy barrier

compared with Li+ vacancies, the attractive interaction between
the defect pairs is quite strong, which eventually leads to a higher
overall activation energy. In comparison, Li+ vacancies from LiCl
Schottky pairs possess much lower binding energy with its
charge compensating defects and demonstrate the lowest
activation energy. From this aspect, vacancy-mediated charge
carrier diffusionmight be a dominantmechanism responsible for
the ionic conduction in antiperovskite electrolytes. The
differences in simulated results, on the other hand, have
demonstrated the possibility of tuning ionic conduction through
minor modifications to the local defect structures in anti-
perovskite electrolytes. Therefore, the practical ionic conduction
mechanism in antiperovskite structures should be analyzed case
by case, which would be best complemented by experimental
characterizations.
Neutron diffraction has provided an efficient tool to give the

atomic positions of all the constitutional elements of electro-
lytes, including the light O and Li elements that have posed
significant challenges for X-ray diffraction characterizations. By
conducting temperature-dependent neutron diffraction com-
bined with the maximum entropy method (MEM) analysis, the
3-D Li+ conduction pathways in the representative
Li9.54Si1.74P1.44S11.7Cl0.3 electrolyte have been identified, which
has helped us to understand the superionic conduction
mechanism in the structure.166 The ionic transport pathways
in antiperovskite electrolytes have also been given by employing
the same method,87 as shown in Figure 12d and e. The
anisotropic thermal vibration of Na atoms and the nuclei density

Table 2. Various Defect Formation Energies, Li Defect
Migration Energy Barriers, Binding Energies, and Activation
Energies

defect pair VLi′ −Lii• VLi′ −VCl
• VLi′ −VO

•• Lii
• −OCl′ ref

formation energy
(eV)

2.02 1.41 1.60 1.67 164

migration barrier
(eV)

0.170 0.310 0.310 0.147 118, 163

binding energy (eV) 0.145 0.736 0.642 164
activation energy
(eV)

0.455 1.046 0.789 164
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distributions from MEM analysis indicated a 3-D Na+

conduction in the Na3OBr antiperovskite structure, which
occurred along the edges of Na6O octahedra and through the O
anions. This work also showed that the nuclear density
distributions of Na and Br ions were not overlapped, indicating
that Br ionsmight not be involved inNa+ transport inNa3OBr. It
is worth noting that ∼1% Na+ vacancies were identified in
Na3OBr and attributed to the Na2O Schottky defects, which,
however, is different from either XA (i.e., LiCl and NaCl for
Li3OCl and Na3OCl antiperovskites, respectively) Schottky
defects or interstitials as the dominant charge carrier in
theoretical investigations. This inconsistency may arise from
the environmental complexity during material synthesis.
Thermal excitation is the main trigger for defect formation in
simulated pristine electrolytes. However, a number of factors,
such as deviations from stoichiometry, synthesis approach,
temperature, and duration time, might affect the defect
formation. The observed Na2O Schottky defects with much
higher concentration than simulations probably result from one
or more of the factors, which, if handled well, can be utilized to
manipulate defects and promote desirable ionic conduction.

5.3. Modification Strategies for Enhanced Conductivity

On the basis of the experimental and theoretical progress made
in antiperovskite electrolytes research and the general ionic
conduction mechanisms discussed above, we summarize the
existing and potential strategies that can be utilized to promote
high ionic conductivities in antiperovskite electrolytes, in hope
of providing a useful and general guidance to realize the full
potential of antiperovskite structures as a promising platform for
advanced SSE research and all-solid-state battery application.
The strategies are given below.
5.3.1. Charge Carrier Concentration Optimization.

Defects are a prerequisite for ionic conduction in crystalline
inorganic electrolytes and the conductivity is proportional to the
concentrations of mobile defects. However, pristine anti-
perovskites are void of defects and often manifested as poor
ionic conductors. Although thermal excitation can promote the
formation of intrinsic vacancies and interstitials, the correspond-
ing concentrations are generally low at room temperature
(<10−15) due to the relatively high formation energies.93,164

Therefore, in order to obtain a high ionic conduction from
antiperovskite structures, charge carriers should be introduced
deliberately through defect engineering in addition to the
thermal effect. Substitution of an aliovalent cation for Li+/Na+ is
perhaps the most direct route, which has been employed with
much success to increase ionic conductions in many other
electrolyte systems. Aliovalent substitution has also been
performed in constructing advanced antiperovskite electrolytes,
with typical divalent cation dopants including Mg2+, Ca2+, Sr2+,
and Ba2+ or trivalent Al3+. For example, the ionic conductivity of
a Na-based antiperovskite electrolyte, Na3OBr0.6I0.4, was
enhanced experimentally by a factor of nearly two through a
minimum Sr2+ doping (∼1.67%) on the Na-sites.49 Zhang et al.
claimed that by doping the same amount of Ca2+ into Li3OCl,
the ionic conductivity became more than 1 order of magnitude
higher than that of the undoped Li3OCl.

142 The observed
conductivity enhancements by doping are related to the
increased vacancy concentrations as introducing one divalent
cation on the Na/Li sublattice will create one vacant site in order
to maintain charge neutrality. As a result, the mobile vacancy
number increases. It has been calculated that the concentration
of free vacancies in doped Li2.99M0.005OCl (M = Mg, Ca, or Ba)

reached∼10−7 at room temperature just by∼0.167% dopants of
divalent cations,167 which is much higher than 10−15 for thermal
excitation alone. Therefore, aliovalent substitution provides an
efficient route to introduce vacancies and to increase ionic
conductivity.
Vacancy structure can also be introduced by partial depletion

in X3BA antiperovskites through the mechanism described by
eqs 12 and 13. As suggested by Zhao et al., XA depletion could
effectively introduce empty dodecahedral A-sites and Li
vacancies at the octahedral vertices and produce lattice defects
for enhanced ionic conduction.11 They synthesized a series of
antiperovskite samples from Li3OCl with various degrees of Li
vacancies through the control of reactants, including
Li2.95OCl0.95, Li2.90OCl0.90, Li2.85OCl0.85, and Li2.80OCl0.80.
They also pointed out the possibility of unintentionally
introduced LiCl Schottky defects during the melting synthesis
process. The volatile Cl element might have escaped from the
crystal lattice in a considerable amount, and the corresponding
amount of Li might be reduced concurrently. Following this
idea, those synthesized from high-temperature sintering
processes were most likely XA deficient structures and probably
contained considerable defects. On the other hand, there are few
reports on vacancies caused by X2B depletion in synthetic
antiperovskites, probably due to the low mobility that is
associated with the strong attractive interaction between VLi′ and
VO
•• pairs for example.164 Moreover, the coordinatedO atoms are

less volatile than Cl. The layered antiperovskites Li7O2Br3 (or
LiBr-2Li3OBr) and Na4OI2 (or NaI−Na3OI) are the only cases
whose structures are close to Li2O- (or Na2O-) deficient
antiperovskites.86,87 However, the concentration of X2B
depletion is fixed in these two examples, which is different
from the tunable XA depletion in standard XA-deficient
antiperovskites.
In addition, increasing interstitial concentration might be

another option considering the moderate activation/formation
energies of those caused by divalent anion occupation on B-sites
(Table 2).Moreover, the extremely lowmigration energy barrier
(0.147 eV) for the interstitials holds the promise of providing
faster ionic diffusion kinetics. The high activation energy in the
aforementioned Li+ interstitials is mainly attributed to the high
binding energy associated with the strong defect interaction
between the Lii

• and OCl′ pairs. The Lii
• has been found trapped

by theOCl′ defect in anO cube assembled by the substitutional O
and eight surrounding O, leading to the formation of an O−Li
dimer structure. The O−Li bond in the O−Li dimer has been
calculated with even higher covalent nature than the O−Li
bonds in a perfect Li3OCl lattice.

164 Therefore, a lower overall
activation energy may be expected if the defect interaction is
reduced. This idea can be fulfilled by substituting the charge-
compensatingOCl′ defect with a “weaker” defect. SCl′ defect might
be a promising candidate since S2− has a lower electronegativity
compared with O2−, which can contribute to a lower binding
energy. Nevertheless, it is worth noting that divalent anions do
not necessarily replace the monovalent anions on the A-sites,
since S, for example, is actually in the same valence state as O and
S substitution of O on B-site has been predicted in Li3OI.

26 S-
substitution on Cl-site must be profitable from the structure
stability standpoint before the practical existence, which might
be the fact. Actually, S2− are more suitable for the divalent
substitutional anions on Cl-site than O2− anions considering the
closer ionic radii between S2− and Cl− (S2−, 184 pm; Cl−, 181
pm; O2−, 140 pm from Table 1), while charge neutrality can be
fulfilled by introducing Li interstitials. The feasibility or
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preference of S substitution of Cl in Li3OCl has been confirmed
recently from formation energy calculation, which has displayed
a low formation energy.168 Following this idea, it might be also
possible to introduce Lii

•−SeBr′ pairs in Li3OBr antiperovskite
electrolyte (the ionic radii of Se2− and Br− are 198 and 196 pm,
respectively). The benefit of introducing S to Cl site has been
demonstrated by Li et al., who confirmed from simulations that a
large amount of Li+ interstitials were produced under the process
and exhibited lower diffusion activation energy than those from
Lii

•−OCl′ and VLi′ −VCl
• pairs.168 The synthesis of related

structures will thus be of considerable interests considering
the above benefits but has yet to be done.
5.3.2. Enlarged Bottleneck and Free Transport

Volume.Charge carrier motion in ionic conductors is restricted
by the diffusion bottleneck and free transport volume. The
former one is in the form of a triangular bottleneck gate in
antiperovskite structures, as shown in Figure 13a. The triangle is

composed of one O2− and two nearest Cl− for example. Li+

transport from one site to another available site must go through
the triangular bottleneck, which can be described by the energy
barrier indicated in Figure 1a and c. Therefore, a larger
bottleneck space is likely to promote faster ionic conduction.
This can be fulfilled by a direct modification to the Li3O
backbone of the antiperovskite structures, for example S
substitution on the O-sites, which has been known for its
effectiveness and practicability in increasing cell volume and free
diffusion space in conventional oxide- and sulfide-based
electrolytes. The charge density distributions for the midpath
sections along the edge pathway in vacancy-dominant Li3OCl
and Li3SI antiperovskite electrolytes were simulated and clearly
displayed the influence of S substitution on the diffusion

bottleneck,26 as shown in Figure 13b and c. It demonstrates a
considerable size difference between the Cl−O−Cl and I−S−I
triangular bottlenecks, with S substitution leading to the larger
bottlenecks. Moreover, an overlap in the charge densities of Li+

cations and O2− anions was identified in Li3OCl sample,
indicating that Li+ migration is strongly affected by O2− anions.
In contrast, Li3OI sample showed little charge overlap in Li+ and
S2− ions, showing that Li+ motion is less affected by S2− due to
the larger bottleneck. Similar charge density distributions were
also obtained in the interstitial-dominant Li3OCl and Li3SI
structures (Figure 13d,e). Generally larger triangular bottle-
necks were found in these two samples due to the excessive Li+ in
lattice. The enlarged lengths in Li−I and Li−S further weakened
the interactions between them and made it easier for Li+

diffusion in the Li3SI, which was confirmed from the diffusion
barrier.26

The free transport volume in antiperovskite structures can
also be modified through the choice of anions on A-sites
considering the structure feature of antiperovskites that are
composed of the octahedra backbone and A cations filling the
dodecahedra cavity. The free spaces in antiperovskite structures
also depend on the size of the fillers once the rigid backbones are
fixed. A large anion filler will leave a small free space in the
framework. Therefore, a small anion is preferred for A-sites from
this consideration, which is different from the choice for B-site
anions. However, the practical situation regarding A-site anion
choice is more complex, which must consider the overall
structure stability of target antiperovskite. As discussed in
Section 2.2, the cubic antiperovskite structure will collapse or
distorted if the A anions are too small to fill the cavity, also
leaving little free space for ion migration. The dilemma might be
solved by introducing mixed A sublattice. Partial substitution of
the small A anions by larger anions is likely to provide a
stabilized structure while maintaining the free space. It has been
confirmed by Zhao et al., who found the highest ionic
conductivity in the mixed-halide phase Li3OCl0.5Br0.5 in Li3OA
series (A = Cl, Br) instead of in the Li3OBr and Li3OCl end-
members.11 Wang et al. also showed the benefit of cation mixing
in antiperovskite electrolytes with the Na3OBr andNa3OBr0.6I0.4
samples. The mixed-cation sample displayed a much lower
activation energy than the single-cation sample (0.63 and 0.76
eV for Na3OBr0.6I0.4 and Na3OBr, respectively).

5.3.3. Introducing New Diffusion Pathway. The
mobilities of charge carriers in antiperovskite electrolytes are
largely dependent on the diffusion pathways. Although the
existing pathways offer reasonable mobilities while modifica-
tions from doping or depletion can further improve ionic
conduction, the pathways in pristine antiperovskite structures
are restricted to the aforementioned cases, which limits the space
for ion transport optimization. It is thus highly interesting to
explore the possibility of introducing new diffusion pathways
into antiperovskites or their derivatives in order to provide lower
energy barriers. Recent progress showed that it could be fulfilled
by structural modifications to the pristine antiperovskites, for
example the introduction of polyatomic anions and the low-
dimension antiperovskite structures.
The polyatomic anions are not new in SSEs. Nearly a century

ago, Benrath and Drekopf found an abrupt ionic conductivity
increase in lithium sulfate (Li2SO4) that possesses tetrahedral
SO4

2− anion, which coincided with a monoclinic-to-cubic phase
transition at 580 °C.169 The connection between the increased
conductivity and the rotation of the SO4

2− anion was not clear
until 1972 when the transport model in α-Li2SO4 was

Figure 13. (a) Triangular bottleneck gate in Li3OCl antiperovskite
structure. Charge density distributions for the midpath sections along
the edge-pathway in vacancy-dominant (b) Li3OCl and (c) Li3SI, and
interstitial channel in interstitial-dominant (d) Li3OCl and (e) Li3SI.
Reproduced with permission from ref 26. Copyright 2018 The Royal
Society of Chemistry.
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revealed.170 Afterward, a similar anion-rotation-promoted
diffusion was studied in a number of compounds, such as the
lithium sulfate derivatives LiNaSO4 and LiAgSO4,

171 and the air-
stable anhydrous Na3PO4.

172 Recently, enhanced conductivities
were identified in Li, Na, Ca, and Mg borohydrides containing
BH4

−, B6H6
2−, B10H10

2−, or B12H12
2− complex anions and

attributed to the anion rotation.173 More recently, the superior
conductivity in prototype glassy 75Li2S-25P2S5 electrolytes was
also found to be related to the anion rotation.174 The
contribution of rotational movement of the polyatomic anion
to cation conduction has been concluded as a general “paddle-
wheel mechanism”, where the polyatomic anion “kicks”
surrounding cations through its rotation and accelerate cation
motion.175 Polyatomic anions have been deliberately introduced
into antiperovskite electrolyte system since 1990 with the report
of Na3O(NO2) and Na3O(CN).

98 An enhancement of the ionic
conductivity was observed with the introduction of the
polyatomic anions. However, the underlying mechanisms for
this phenomenon are not fully understood as the improvement
in antiperovskite electrolyte system may not follow the “paddle-
wheel mechanism”. Recently, Fang et al. revealed a new low-
energy migration pathway in antiperovskite structures as the
result of polyatomic anion rotation.24,176 It has been shown that
the reorientation motion of the polyatomic anions, BF4

− and
BH4

−, tends to generate a shifting potential surface throughout
the Li3SBF4 (or Li3SBH4) crystal, which facilitates Li

+ diffusion.
In Li3SBF4 antiperovskite electrolyte, for example, each Li+

cation is coordinated by four BF4
− anions (Figure 14a). The

interaction potential created by each of the BF4
− anions on the

Li+ cation can be quantified through the multipole expan-
sion:24,176
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where q is the total charge (-e) of the BF4
− anion and r ⃗ is the

vector from the boron (B) center to the Li+. p⃗ represents the

dipole moment associated with the charge distribution in BF4
−,

while Qij represents the quadrupole term, which can be
calculated from
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where qi
F is the charge on F atom (−0.25e), R⃗i

F is the coordinate
of F atom, and ri⃗

F represents the relative coordinate of F atom
from B center. qk is the charge on F atom, and Ri

k represents the
ith coordinate of the kth F atom.24,176

The dipole plus quadrupole terms of the potential can be
calculated based on eq 17 with the different orientational
symmetries of BF4

− anion (Figure 14b). From these
calculations, the ground state orientation (C3v group) displays
the lowest potential among the four distinctive symmetry
groups, which is in the order of −10−2 V. The potential
difference between the ground state and any other group (Td,
D2d, or C2v) will be accordingly large enough to drive Li

+ ion to a
high speed of 10−2 Å/fs if all the potential energy is converted to
the kinetic energy of Li+. Furthermore, a spatial variation of the
potential due to BF4

− or BH4
− rotation on different sites has also

been identified, demonstrating the capability of constantly
delivering kinetic energy to Li+ vibration and facilitating Li+

long-range migration.24,176 As a result, the calculated activation
energy is decreased to 0.210 and 0.301 eV in Li3SBF4 and
Li3SBH4, respectively, compared with 0.303 eV in Li3OCl
simulated via the same method. This confirms that the
polyatomic anion rotation can unlock lower potential profiles
along the diffusion pathway (Figure 14a) and promote faster
ionic diffusion in antiperovskite electrolytes with polyatomic
anion rotation. Up to now, NO2

−, CN−, BH4
−, and SO4

2−

polyatomic anions have been experimentally introduced into
antiperovskite electrolytes and successfully promoted faster

Figure 14. (a) Li3SBF4 structure model. The four coordinating BF4
− anions of A1-site Li

+ and A2-site Li
+ are highlighted in yellow. Curve 1 and 2

display two possible potential profiles along the migration pathway caused by BF4
− rotation. (b) BF4

− configurations (left panel) with the Td, D2d, C2v
and C3v symmetries. Calculated potential surfaces (right panel) in an area of 1.0 × 1.0 Å2 around a Li+ site for different orientational symmetries of the
BF4

− anion. The effect of BF4
− rotation on the potential surface is shown by the different color. Reproduced with permission from ref 24. Copyright

2017 National Academy of Sciences. (c-1−c-4) Li+ diffusion pathways (right panel) and corresponding diffusion barriers (left panel) in simulated 3-D
Li3OCl, 2-D Li4OCl2, 1-D Li6OCl4, and 0-D Li5OCl3 antiperovskite structures. Reproduced with permission from ref 110. Copyright 2020 Elsevier
B.V.

Chemical Reviews pubs.acs.org/CR Review

https://doi.org/10.1021/acs.chemrev.1c00594
Chem. Rev. 2022, 122, 3763−3819

3788

https://pubs.acs.org/doi/10.1021/acs.chemrev.1c00594?fig=fig14&ref=pdf
https://pubs.acs.org/doi/10.1021/acs.chemrev.1c00594?fig=fig14&ref=pdf
https://pubs.acs.org/doi/10.1021/acs.chemrev.1c00594?fig=fig14&ref=pdf
https://pubs.acs.org/doi/10.1021/acs.chemrev.1c00594?fig=fig14&ref=pdf
pubs.acs.org/CR?ref=pdf
https://doi.org/10.1021/acs.chemrev.1c00594?urlappend=%3Fref%3DPDF&jav=VoR&rel=cite-as


ionic diffusion.14,98,114,177,178 We surmise that with the
experience from the investigations of other inorganic systems
containing polyatomic units, more antiperovskite electrolytes
containing new polyatomic anions can be prepared and provide
promising ionic conduction properties.
In addition to the polyatomic anions, low-dimensional

structures can also introduce desirable new low-energy diffusion
pathways. It has been shown that layered antiperovskites, such as
Li7O2Br3 and Na4OI2, possess higher ionic conductivity and
lower activation energy as compared with the 3-D antiperovskite
counterparts.86,87 The enhanced ionic conductions were
attributed to the increased Li+ vacancy concentration due to
Li2O depletion in layered structures. In addition to the higher
vacancy concentration mechanism, in-depth investigations on
the diffusion pathway suggested that low-dimensional anti-
perovskite might also contribute to the faster ionic diffusion
kinetics in a way of providing a new low-energy diffusion
pathway.87,110 There are three potential cation migration
pathways in vacancy-dominant layered antiperovskites, in
comparison with the single pathway in vacancy-dominant 3-D
antiperovskites due to their isotropy, as shown in Figure 14c-1,c-
2. The first one is the interlayer (or interchain) jump between
separate X3BA slabs (indicated by the red arrow in Figure 14c-
2). This type of cation migration often involves the highest
migration energy probably due to the large physical distance
(e.g., 1.1 eV inNa4OI2 and 0.800 eV in simulated Li4OCl2

87,110).
The rest two are both intralayer (or intrachain) jumps within the
X3BA slabs along the octahedral edge. These two pathways arise
because of the existence of two types of cations. One has four
nearest halide anions and two nearest oxygen anions, which is
similar to those in 3-D antiperovskites (noted as X1). The other
cation is surrounded by four nearest halide anions and one
nearest oxygen anion (noted as X2). The energy barrier of X1−
X1 jump (interchain-2 in Figure 14c-2) in layered Li4OCl2 was
calculated to be 0.380 eV, which is very close to the 0.370 eV for
3-D Li3OCl. The energy barrier of X1-X2 jump (interchain-1 in
Figure 14c-2) was even lower (0.310 eV), which might be
caused by reduced negative electrostatic attraction from
surrounding anions. There are also three potential diffusion
pathways in 1-D antiperovskite. The interchain pathway also
displayed the highest diffusion barrier (0.397 eV), which
however is nearly half of that calculated for 2-D antiperovskite
(0.800 eV). An extremely low diffusion barrier (0.060 eV) was
found for one of the interchain Li+ jump (interchain-2 in Figure
14c-3), but this motion does not determine the conductivity
because it is not percolative. The diffusion barrier of the other
interchain jump was found to be 0.211, which is much lower
than that of 2-D and 3-D antiperovskites. 0-D antiperovskite
structure has two potential Li+ transport pathways; one is the Li+

circulation around O center with a barrier of 0.047 eV, and the
other is the Li+ hopping between two separate Li6O octahedra
with a barrier of 0.160 eV.110 The former one is a localized Li+
motion while the latter one contributes to the long-range Li
diffusion directly. These examples show the feasibility of
introducing low-energy diffusion pathways by lowering the
dimension of antiperovskites. Moreover, it is interesting to note
that the proposed Li+ circulation in 0-D antiperovskite is similar
to the aforementioned polyatomic anion rotation. From this
prospect, the separated Li6O octahedra might be a polyatomic
unit in practice and possesses the highest degrees of rotational
freedom, while Li+ cations are under-coordinated compared to
that in 3-D antiperovskite structures, which might explain the
low cation diffusion activation energy.

5.3.4. Reducing Intergranular/Intragranular Pores and
Grain Boundaries. The above conclusions are made on the
basis of ionic conductions inside single antiperovskite grain with
only point defects. Practical ionic conductions in the electrolyte
layer of solid-state batteries are in fact influenced by the
intergranular/intragranular pores and grain boundaries as well.
The pore effects are generally recognized as detrimental for
conduction in all inorganic electrolytes since pores bring in clear
physical gaps in otherwise continuous electrolyte layers and
disconnect the diffusion pathways in some directions. Therefore,
electrolyte layers that are assembled from powders must be
densified in order to mitigate pore effects and achieve desirable
conductivities. Most sulfide electrolytes are ductile and can be
readily densified through cold pressing and the density will be
higher if pressing is conducted with simultaneous heating at
slightly elevated temperatures. Oxide electrolytes are usually
rigid particles and need to be densified through a secondary
annealing below the melting points. The underlying grain
boundary effects on the other hand are not fully understood and
are controversial. Many researchers found low ionic con-
ductivities in electrolytes, particularly the oxide electrolytes, due
to the high grain boundary resistances. Coarsened grain or even
single-crystal structures are therefore suggested in oxide
electrolytes to mitigate this grain boundary effect.179−181

However, the grain boundary resistance has been found to
barely affect the ionic conductivities in sulfide electrolytes. Some
even demonstrated that grain boundaries in sulfide electrolytes
could contribute faster transport by providing under-coordina-
tion of conducting ions.182 Nevertheless, grain boundary
structures are rarely characterized and their influences on ionic
conductivities are seldom quantified in detail. They are often
mixed with the pore effects since grain coarsening and pore
reduction both occur during the annealing process of oxide
electrolytes. It has been recognized as impossible to determine
whether grain boundaries will be detrimental or beneficial for
ionic conduction in a new electrolyte until comprehensive
investigations are performed.183,184

Antiperovskite electrolytes with oxygen as backbone element
perform similarly to the traditional oxide electrolytes. The lack
of in-depth grain boundary analysis is also true for antiperovskite
electrolytes. In the first Li3OA (A = Cl, Br) work by Zhao et al.,
the measured activation energy for Li3OCl was 0.26 eV, which
coincides with the value of 0.2−0.3 eV determined in
simulations.118,164,183 However, recently experimental results
gave quite different values of 0.6−0.8 eV.115,137 This discrepancy
has not been explained yet, but after reviewing these data and
corresponding experimental procedures we reckon that it might
be attributed to the grain boundary effects. In the early Li3OA
work, antiperovskite electrolyte pellets were prepared directly
from cutting the solidified melt samples without crushing they
into powders, which helps to diminish pore and grain boundary
effects. Samples from powder pressing were also prepared for
comparison and displayed rather low ionic conductivities (in the
range of 10−7 S/cm at room temperature, compared with the
10−4∼10−3 S/cm for the samples cut frommelt). After annealing
the pressed samples above 250 °C for 24 h, the room-
temperature ionic conductivities were increased by 2 orders of
magnitude.11 Many other antiperovskite electrolytes were
developed after this work and displayed the similar ten-
dency.14,115,117,185 Although the high resistance contributions
from grain boundaries were often observed in these anti-
perovskites (e.g., 8.8 and 83.0 kΩ for bulk and grain boundary
resistances in Li3OBr, respectively

86), explanations of the grain
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boundary effects at the atomic scale were not reported until
attempts based on simulations were made recently.115,183,186,187

Dawson et al. analyzed ionic transport at computed grain
boundaries through large-scale molecular dynamics simula-
tions.183 They established four common symmetrically tilted
grain boundary structures (i.e., ∑3(111), ∑3(112), ∑5(210),
and ∑5(310)) based on the coincidence site lattice (CSL)
theory and calculated the grain boundary energies, as shown in
Figure 15a. The results revealed notably low grain boundary
energies, especially in the two∑3 types, suggesting that the∑3
grain boundaries are likely to be present in high concentrations
and dominate the grain boundary effects. The ionic
conductivities of the four grain boundaries were found lower
than the bulk values in the temperature range of 0 ∼ 150 °C,
while the activation energies were significantly higher in all three
primary directions (x, y, and z) compared to that in bulk
conduction (Figure 15b). The less mobility can be understood
by the overcoordination around the alkali ions at the grain
boundaries, as has been revolved from the simulated local
structures of Li3OCl and Na3PO4.

115,182 It is worth noting that
the situation is quite different from that in mechanically soft
sulfide electrolytes where the alkali ions are under-coordinated
at the grain boundaries and can move faster. As a result, the
overall ionic conductivity in Li3OCl decreases with decreasing
grain size (particularly when it is smaller than 100 nm),183 which
is consistent with the trend observed in traditional oxide
electrolytes and contrary to that in sulfide electrolytes.182

In addition to the direct reduction of cation mobility inside
the grain boundaries, the impact of grain boundaries on Li+ (or
Na+) conduction in antiperovskite may manifest in another
aspect, point defect segregation at the grain boundaries. Defect
segregation at grain boundaries is a very common phenomenon
in inorganic materials and metals. However, it is less noticeable
than the aforementioned influence on ionic conduction in
inorganic electrolyte research and has been rarely reported.
Nevertheless, the influence of this aspect may be profound since
the mobile defects, which have been established as the critical
charge carriers in SSEs, may also be trapped at grain boundaries

in polycrystalline inorganic electrolytes and then further reduce
the ionic conduction. Such effect in polycrystalline anti-
perovskite electrolytes was confirmed recently by Shen et al.
based on a combination of first-principles and phase field
calculations.187 Negative segregation energies were obtained for
the segregated Li vacancies near the four typical grain boundary
structures (∑3(111),∑3(112),∑5(210), and∑5(310)), with
dramatically decreasing values as the site approaching the grain
boundaries. This confirms that vacancy segregation at grain
boundaries is energetically favorable and occurs in a very short-
range (10−20 Å). Moreover, Li vacancy diffusion was simulated
in polycrystalline Li3OCl without and with considering the
vacancy segregation, as shown in Figure 15c and d. The Li
vacancy distribution without considering segregation showed
clear gradients along the diffusion direction, which also suggests
the detrimental influence from grain boundaries for Li vacancy
conduction across them. After considering the segregation
effect, it displayed major Li vacancy location at the grain
boundaries. The effective diffusion coefficient of the Li vacancy
(Deff) was also found to decrease from 3.5% of the bulk diffusion
coefficient (Dbulk) to 0.3% of theDbulk in a polycrystalline Li3OCl
with an average grain size of 16 nm due to vacancy segregation at
the grain boundaries, showing that Li vacancy segregation at the
grain boundaries further decrease Li vacancy mobility. The ratio
of Deff values without and with vacancy segregation was about
12-fold for the polycrystalline sample with 16 nm grain size,
which would decrease as the grain size increased (e.g., nearly 2-
fold for the 133 nm grain size).
Therefore, the grain boundaries in polycrystalline anti-

perovskite electrolytes are likely to influence ionic conduction
in generally two aspects. One is the direct high resistance to Li+/
Na+ motion along or through the grain boundaries. The other is
the trap of Li+/Na+ vacancies at grain boundaries, which
eventually hinders charge carrier motion as well. Increasing the
grain size or even eliminate grain boundaries might help to
mitigate the detrimental influences on ionic conduction in
antiperovskite electrolytes, which can be fulfilled by proper
annealing or complete amorphization. Moreover, it has been

Figure 15. (a) Structures and energies of the ∑3(111), ∑3(112), ∑5(210), and ∑5(310) grain boundaries. x−y plane corresponds to the grain
boundary plane and z is perpendicular to the plane. (b) Temperature dependence of the conductivities of bulk Li3OCl and the four grain boundaries.
Reproduced with permission from ref 183. Copyright 2017 American Chemical Society. (c) Schematic illustrations of Li vacancy distribution
evolution versus time in polycrystalline Li3OCl without segregation (upper panel) and with segregation (lower panel). The grain size is 40 nm. (d)
Midline scans of the Li vacancy concentration in polycrystalline Li3OCl with segregation along the filling direction (from left to right) at different times.
Reproduced with permission from ref 187. Copyright 2020 the Owner Societies.

Chemical Reviews pubs.acs.org/CR Review

https://doi.org/10.1021/acs.chemrev.1c00594
Chem. Rev. 2022, 122, 3763−3819

3790

https://pubs.acs.org/doi/10.1021/acs.chemrev.1c00594?fig=fig15&ref=pdf
https://pubs.acs.org/doi/10.1021/acs.chemrev.1c00594?fig=fig15&ref=pdf
https://pubs.acs.org/doi/10.1021/acs.chemrev.1c00594?fig=fig15&ref=pdf
https://pubs.acs.org/doi/10.1021/acs.chemrev.1c00594?fig=fig15&ref=pdf
pubs.acs.org/CR?ref=pdf
https://doi.org/10.1021/acs.chemrev.1c00594?urlappend=%3Fref%3DPDF&jav=VoR&rel=cite-as


shown grain boundaries with different orientations performed
differently. Therefore, controlling the grain boundary orienta-
tion by potential strategies, such as growth substrate
optimization, may be another option to enhance ionic
conduction in polycrystalline samples.
5.3.5. Lattice Stress Control. Lattice stress has aroused

increasing interest in battery research in recent years mainly due
to its influences on the structural stability of electrode materials,
especially Si anode and NMC cathodes, in which huge volume
variation takes place during the repeated intercalation and
deintercalation of Li+ and causes considerable lattice stress
inside the active material particles. The overwhelming lattice
stress would lead to cracks in secondary particles of the active
materials, which accounts for the failure mechanism in many
liquid electrolyte batteries. The lattice stress issue would be
more interesting or severe in solid-state batteries where the
volume changes cannot be transformed in to a homogeneous,
hydrostatic (σxx = σyy = σzz) pressure through the liquid medium.
Instead, additional lattice stress issues would arise in the SSEs
and between the electrolyte and electrodes due to the
deformation.188 The pressure build-up process has been
recognized in the volume-constrained solid-state batteries and
the influences on the connection between SSEs and electrode
materials have been intensively investigated. It is known that the
distances between the atoms in inorganic materials will be
changed under stress. Therefore, the SSEs may also undergo
structure change as a result of the build-up pressure, which
eventually affects the intrinsic ionic conduction properties.
The structure of Na3OBr electrolyte was studied as a function

of external mechanical pressure with in situ SR-XRD, which
revealed that the cubic antiperovskite structure was quite stable
under high pressure up to 23 GPa, and no octahedral tilt
occurred.189 The corresponding lattice parameter a showed a
nearly linear decrease as the applied pressure increased.
However, the pressure influence on the ionic conduction
properties has not been reported in this sample or any other
synthetic Li/Na antiperovskite electrolytes yet. The shortage
can be mitigated by the investigations on conventional
electrolyte systems, for example F− and O2− ion conductors. It
has been shown that the critical temperature for F− superionic
conduction transition in CaF2 could be increased as much as
∼200 K under a hydrostatic pressure of 5 GPa,189 suggesting the
feasibility of tuning ionic conduction in SSEs via the control on
stress. Moreover, it also reflected the detrimental influence of
compressive hydrostatic stress (σ > 0) on ionic conduction. The
tensile stress (σ < 0) would, on the other hand, exert positive
influence on the ionic conduction property. The critical
temperature of CaF2 was reduced as much as ∼300 K at a
tensile hydrostatic stress of −5 GPa and ∼250 K at a tensile
biaxial stress (σxx = σyy = −5 GPa, σzz = 0), while a ∼200 K
decrease was obtained for the case with a tensile uniaxial stress
(σxx = σyy = 0, σzz= −5 GPa).190 The mechanism beneath the
stress-induced enhancement is attributed to the expanded lattice
under tensile stress in which the formation energy and kinetic
barrier for Frenkel defects are both decreased. Similar stress
effects have also been observed in O2− conductors. For instance,
the oxygen conductivity in yttria-stabilized zirconia showed an
increase of 8 orders of magnitude as a result of tensile biaxial
stress,191 suggesting the great potential of the stress mediation
route.
Considering that the Frenkel defects can be potentially

introduced into antiperovskites, the stress mediationmechanism
is likely to be applicable to the Li/Na antiperovskite electrolytes

as well. Although experimental evidence have not been reported
yet, the hypothesis has been verified through simulations.192

The formation energy of Frenkel pair defects in Li3OCl was
found to decrease∼15% in the presence of a tensile biaxial stress
of −1.5 GPa, whereas a ∼12% increase was obtained from a
compressive stress of 1.5 GPa.192 This suggests that more Li+

interstitials can be produced in Li3OCl under tensile stress
compared to the unstrained one. Moreover, the energy barrier
for Li+ migration would be simultaneously reduced as a result of
the expanded lattice volume under tensile stress, similar to the
free volume effect. Therefore, an enhanced ionic conduction can
be anticipated as a result of the tensile strain.
In practical synthesis of SSEs, the aforementioned tensile

biaxial stress (or strain) could be realized by depositing the
target antiperovskite electrolyte on a substrate whose lattice
parameter is larger than the electrolyte. For example, the lattice
parameter of Li3OCl is 3.91 Å;11 a commercialized substrate
K(Ta1−xNbx)O3 (lattice parameter: 3.99−4.00 Å) can then
afford a tensile strain of around 2.0% to the deposited Li3OCl. In
addition to the conventional substrates, antiperovskite structure
itself, for example Li3OBr (lattice parameter: 4.02 Å11) can also
be employed as a substrate to prepare Li3OBr/Li3OCl
heterostructure and thus to induce a tensile strain of nearly
2.8%. Considering that the lattice parameter of antiperovskite
structure varies with doping or substitution, nonuniform doping
or substitution to form gradient electrolyte film might also be
useful to induce desirable tensile strain and promote higher ionic
conductivity. These designs can be best fulfilled in the thin-film
formats of solid-state batteries in which electrolyte can be readily
deposited on selected substrates through physical or chemical
vapor depositions. However, it is noteworthy that the biaxial
tensile strain is accompanied by a shrinkage along the direction
perpendicular to the tensile strain plane as the Poisson’s ratio of
antiperovskite electrolytes are generally positive. This would
cause anisotropic ionic conductions in these samples, with the
in-plane ion migration are boosted while the out-of-plane
migration is hampered. Therefore, the electrode and electrolyte
stacking direction should be perpendicular to the growth
direction of the electrolyte on substrate in order to induce the
tensile stress effect, which will be quite different from the
conventional layer-by-layer stacking of electrodes and electro-
lytes on substrates in present thin-film batteries.

6. OTHER PROPERTIES

Besides the ionic conductivity, material stability is another major
concern for SSE development, which determines whether the
target electrolytes can be synthesized with less impurity or can
be used in practical environments. It is known that the moisture
sensitivity and poor stability against Li anode hinder the
application of sulfide electrolytes even though they have
satisfying ionic conductivities. In this part, we will discuss the
stability issues in antiperovskite electrolytes with respect to the
phase stability, electrochemical stability and the stabilities
toward atmospheric gases, hoping to provide a general guide
to the processing of these new electrolytes for future practical
applications.

6.1. Phase Stability

The stability issues of antiperovskites discussed in Section 2.1
are based on a geometrical point of view. In practical material
development, it is necessary to consider the phase stability from
dynamical and energetic aspects. Assessment of the dynamical
stability of a given phase can be accomplished by checking its
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phonon dispersion. The absence of phonon bands associated
with imaginary (negative) frequencies in the phonon dispersion
curve is often indicative of a dynamically stable phase, for
example in Li3OBr. Simulated Li3OF structure, on the other
hand, displayed substantial imaginary frequencies, indicating its
dynamical instability. This is coincided with the fact that the
efforts in synthesizing Li3OF ended in failure. It is noteworthy
that the prototypical antiperovskite Li3OCl also displays
imaginary frequencies (photo modes at R and M as shown in
Figure 16a). These unstable modes are in fact related to the
octahedra rotation, which does not disrupt the overall crystal
lattice. As can be observed from the phonon densities of states
(Figure 16b), the unstable modes take a small fraction of the
total phonon modes and involve only Li cations.119,193

Therefore, Li3OCl antiperovskite structure can be synthesized
from the viewpoint of dynamic stability but are most likely in a
lower energy tilt system other than the Pm3̅m.
In addition to the dynamic stability, the formability of an

antiperovskite structure should also be evaluated from its
stability relative to the corresponding stable constituent phases
(i.e., energetic stability). The ternary Li−O−Cl phase diagram,
for example, has been constructed at 0 K throughminimizing the
formation energies of various compositions,118 as shown in
Figure 16c. This phase diagram predicts that Li3OCl is
energetically unstable due to the positive formation energy
with respect to that from the Li2O and LiCl and tends to
decompose through the reaction:

Li OCl Li O LiCl3 2→ + (20)

Nevertheless, the energy above the hull (Ehull) for Li3OCl is only
13−22 meV per atom at 0 K,118,163,195 which is located in the
range of 0−50 meV per atom corresponding to the metastable
phase of antiperovskite and perovskite structures and suggests
the potential of stabilizing Li3OCl by external conditions.196

Proton-rich antiperovskite Li2(OH)Cl is also a metastable phase
with the Ehull value of 10 meV per atom.197 In fact, many
reported superionic conductors possess positive formation
energy but are still synthesizable. A well-known example is the
Li10GeP2S12 electrolyte that has a value of 25 meV per atom.198

Entropy is such an external condition. TheGibbs free energy of a
system under certain temperature and pressure can be obtained

based on quasi-harmonic approximation.199 Then using the
Gibbs free energies for the three phases, the formation free
energy for Li3OCl can be calculated:26,119

G G G GLi OCl Li OCl Li O LiCl3 3 2
Δ = − − (21)

It has been shown that the value decreases as the temperature
increases and becomes negative when temperature is above
∼480 K (207 °C) (Figure 16d), indicating that Li3OCl can be
stabilized at the elevated temperatures.119 However, it can be
inferred from the calculation that a Li3OCl phase decomposition
reaction will occur when temperature is decreased during the
cooling process, producing the LiCl and Li2O impurities that
have much lower ionic conductivities. Therefore, it is necessary
to avoid the nucleation and growth of the undesirable low-
temperature phases in order to achieve a reasonable ionic
conductivity. A possible solution to this issue might be the
application of rapid cooling immediately after the heating
process, which can effectively reduce the window of time during
which the low-temperature phases are produced. It should be
noted that the metastable phase can be stabilized by pressure as
well, which has been confirmed in the case of Li3OBr.

193 The
energies relative to the convex hull (equivalent to the formation
energy) of a series of model antiperovskite SSEs have been given
(Figure 16e).194 It is interesting to note that the corresponding
Na counterparts (i.e., Na3OCl and Na3OBr) are energetically
stable, which coincides with the fact that the Na counterparts
can be prepared with a high purity without special treatment.

6.2. Intrinsic Electrochemical Stability

The electrochemical window of SSE is a critical parameter that
determines the acceptable voltage ranges in full cells and
therefore affects the energy densities. The claimed wide
electrochemical windows (i.e., 0−5 V) in many SSEs were
obtained from cyclic voltammetry (CV) measurements and
demonstrated the potential of unlocking the high-voltage
cathodes and the metallic Li anode.4,200 The electrochemical
window in Li2(OH)0.9F0.1Cl antiperovskite electrolyte can even
reach 9 V.104 These electrochemical windows are in fact not the
intrinsic electrochemical stability window of the electrolyte,
which contains a significant contribution from the high
overpotential due to the sluggish decomposition kinetics.201

Figure 16. (a) Phonon dispersion curves and (b) density of states of Li3OCl calculated by a finite displacement method. (c) Calculated ternary Li−O−
Cl phase diagram. The solid circles show the stable compounds with lower energy compared to a linear combination of the constituent phases. (d)
Temperature dependence of the Gibbs free energy for Li3OCl antiperovskite electrolyte. (e) Tolerance factor and the energy relative to the convex hull
(equivalent to the formation energy) for a series of model antiperovskite SSEs. (a), (b), and (d) are reproduced with permission from ref 119.
Copyright 2015 American Physical Society. (c) is reproduced with permission from ref 118. Copyright 2013 American Physical Society. (e) is
reproduced with permission from ref 194. Copyright 2019 The Royal Society of Chemistry.
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The artificial passivating layer in full cells would also extend the
electrochemical windows. In this section, we will focus on the
intrinsic electrochemical stability of antiperovskite electrolytes,
hoping to promote a deep understanding of the electrochemical
window from the perspective of electrolyte itself.
The intrinsic electrochemical stability of an electrolyte is

usually assessed from two aspects, the stability against inert
electrodes and the stability under chemical potential. The
former one is assessed by calculating the energy difference
between the lowest unoccupied molecular orbital (LUMO) and
the highest occupied molecular orbital (HOMO) of the
electrolyte.202 The Heyd-Scuseria-Ernzerhof (HSE06) screened
hybrid functional is usually used for this purpose.203 According
to this method, the calculated band structure of ground-state
stable Li3OCl antiperovskite, for example, reveals a large band
gap of 6.26 eV (Figure 17a). This large band gap, although not

an exact measurement of the intrinsic redox stability as its
alignment with respect to reference potential is not known,
provides a high upper limit for the intrinsic stability against
reduction and oxidation,204 suggesting the potential to increase
system energy density by broadening the operating voltage
range. The large band gap in Li3OCl is in sharp contrast to many
known electrolytes that have competitive ionic conductivities
but suffer from small band gaps and poor electrochemical

stabilities, for example the prototypical sulfide electrolytes
Li7P3S11 (3.9 eV

205) and Li10GeP2S12 (3.6 eV
198). Moreover, the

atomic contributions to electronic structures can be revealed by
the density of states (DOS). As described previously, the valence
band in antiperovskite structure is mainly contributed by the A
and B site anions while the conduction band mainly originates
from X site cations, as is the case for Li3OCl (Figure 17a). The
valence band for Li3OCl is mainly determined by Cl and O
atoms, while Li dominates the conduction band. A major
modification to the Cl or O anion is therefore highly likely to
introduce distinct band gaps. For example, BH4

− polyatomic
anions have larger vertical detachment energy than that of
halogen anions. Substitution of Cl− in Li3OCl antiperovskite by
BH4

− increases the band gap to a remarkable value of 7.0 eV,176

which is even higher than that of the well-known stable garnet
electrolyte LLZO (6.4 eV206). On the other hand, substitution
of the anions by those with less electron affinities decreases the
band gap. For instance, partially replacing O2− in Li3OI by S

2−

led to the Li6OSI2 double antiperovskite, accompanied by a
reduction in the band gap (from 5.3 to 4.5 eV). Nevertheless, the
resultant band gaps are still at a relatively high level, suggesting
the intrinsic redox stability in antiperovskite type electrolytes.
Moreover, the large band gaps also reflect that the antiperovskite
electrolytes are good insulators with limited electrical
conductivity, meeting the basic requirements for battery
application.
It is noteworthy that the assessment of the electrochemical

stability from electronic structure theory is a rough estimation in
which the energy difference of HOMO and LUMO should not
be mixed up with the electrochemical stability window. The
redox potentials are in fact directly related to the Gibbs free
energy difference of the reactants and the products,207 which can
be reflected by the lithium (or sodium) grand potential phase
diagrams. The SSEs in practical lithium batteries, for example,
are in contact with electrode materials and therefore in principle
could react with all the components from the electrode
materials. The reactivity with Li species is the most critical
since both anode and cathode are Li reservoirs while Li is highly
mobile. Therefore, the electrolytes are under a changing Li
chemical potential (μLi). The chemical potential at the metallic
Li anode side is very high, which is generally set to zero (μLi = 0).
Therefore, electrolyte tends to be reduced at the anode side by
Li uptake. The cathode, on the other hand, has a low Li chemical
potential (represented by a negative μLi) and is likely to oxidize
the electrolyte by Li extraction. The cell voltage is given by the Li
chemical potential difference between anode and cathode, and
then is the negative of μLi. Phase evolution of electrolytes under
the changing chemical potential can be tracked from the phase
diagram, and the equilibrium phases at the reductive Li anode
and oxidizing cathode can also be determined. The phase
diagram of O/Cl composition versus Li chemical potential was
constructed by Emly et al.,163 as shown in Figure 17b. The phase
diagram indicates that the Li3OCl phase is stable up to 2.55 eV
(on the basis of suppressed Li3OCl decomposition into LiCl and
Li2O), and will decompose into Li2O2 and LiCl above 2.55
eV.163 This oxidation potential limit is generally lower than that
of oxide electrolytes but higher than that of most sulfide
electrolytes (Table 3). The stable potential range is significantly
narrower than those calculated from electronic structure
approach. In addition, the delithiation reactions continue at
higher voltages. Cl2 and ClO2 might appear during the oxidation
above 4.0 eV,118 similar to the O2 gas evolution at high voltages
for all oxide-based SSEs. The decomposition would cause

Figure 17. (a) Calculated electronic band structure and density of
states for Li3OCl using the Heyd-Scuseria-Ernzerhof (HSE) func-
tionals. Reproduced with permission from ref 195. Copyright 2018 The
Royal Society of Chemistry. (b) Phase diagram of O/Cl composition
versus Li chemical potential. The calculation is based on the assumption
that Li3OCl decomposition into LiCl and Li2O is suppressed.
Reproduced with permission from ref 163. Copyright 2013 American
Chemical Society.
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problems for the employment of high-voltage cathodes in
batteries with high energy densities. Nevertheless, it should be
noted that the electrolyte decomposition depends on kinetic
factors, which means decomposition of a phase might be slowed
down or interrupted under certain circumstances, for example, a
sluggish ion/electron transport in decomposed phases. More-
over, possible reactions involving non-Li species from electrodes
are also not clear. More efforts are needed to investigate the
electrochemical stabilities of antiperovskite electrolytes.

6.3. Air Stability

The air stability of a SSE is of practical importance in solid-state
battery development involving the electrolyte processing and
battery assembling, in which the electrolyte will be inevitably
exposed to air and undergo structural changes if it is not
chemically stable. It might be argued that all the steps could be
conducted in an inert atmosphere (e.g., N2 or Ar); however, it is
neither economical nor efficient for large-scale manufacturing.
Electrolytes with intrinsic air stabilities are thus highly desirable
in both academic and industrial communities. The research
interest on air stability of SSEs arises with the development of
sulfide electrolytes, such as Li2S−P2S5 binary systems,
Li10GeP2S12 and the argyrodite family.4,5,215 These electrolytes
generally have high ionic conductivity but are subject to poor
chemical stability in air. They tend to decompose and produce

harmful H2S gas due to the hydrolysis reaction with moisture in
air,216,217 which can be understood by the negative Gibbs free
energy of the reaction.218 The air instability also remains as a
challenge for oxide electrolytes. Instead of the H2S issue, the
instability of oxide electrolytes is usually reflected as a high
interfacial resistance, which is indirectly detected. As a result,
oxide electrolytes (e.g., garnets) were initially recognized as
stable in ambient air. However, both experimental and
theoretical investigations confirm that oxide electrolytes are
susceptible to reactions with H2O as well as CO2. Nyman et al.
revealed the exchange of Li+ from the garnet lattice with the H+

from H2O and found a pH increase in the electrolyte/water
suspension.219 Wang et al. reported a tetragonal-cubic phase
transition of LLZO under dry CO2 exposure.

220 The reaction
mechanism of LLZO in air has been investigated by Cheng et al.
based on DFT calculations, which can be expressed as
follows:221

Li La Zr O (s) H O(g)

Li La Zr O (s) 2LiOH(s)
56 24 16 96 2

54 24 16 95

+

= + (22)

Li La Zr O (s) CO (g)

Li La Zr O (s) Li CO (s)
56 24 16 96 2

54 24 16 95 2 3

+

= + (23)

Table 3. Summary of Electrochemical Windows (EW), Equilibria Phases at Reduction and Oxidation Potentials, andMechanical
Properties of Some Typical Li/Na Ionic Conductors

mechanical properties

electrolyte
EW vs Li/
Na (V)

equilibria phase at
reduction potential

equilibria phase at
oxidation potential

Young’s
modulus E
(GPa)

Poisson’s
ratio ν

shear modulus
G (GPa)

bulk modulus
K (GPa) ref

Li10GeP2S12 (LGPS) 1.71−2.14 P, Li4GeS4, Li2S Li3PS4, GeS2, S 21.7 0.37 7.9 27.3 201,
208

Li3PS4 1.71−2.31 P, Li2S S, P2S5 29.5 0.29 11.4 23.3 201,
208

Li7P3S11 2.28−2.31 Li3PS4, P4S9 S, P2S5 21.9 0.35 8.1 23.9 201,
208

Li6PS5Cl 1.71−2.01 P, Li2S, LiCl Li3PS4, LiCl, S 22.1 0.37 8.1 28.7 201,
208

LiPON 0.68−2.63 Li3P, LiPN2, Li2O P3N5, Li4P2O7, N2 77.0 0.25 31.0 51.3 201,
209

Li7La3Zr2O12 (LLZO) 0.05−2.91 Zr3O, La2O3, Li2O Li2O2, La2O3,
Li6Zr2O7

175.1 0.27 68.9 127.4 201,
208

Li0.33La0.56TiO3
(LLTO)

1.75−3.71 Li4Ti5O12,
Li7/6Ti11/6O4,
La2Ti2O7

O2, TiO2, La2Ti2O7 233.9−262.5 0.26−0.28 91.2−104.0 179.0−183.5 201,
208

Li1.3Ti1.7Al0.3(PO4)3
(LATP)

2.17−4.21 P, LiTiPO5, AlPO4,
Li3PO4

O2, LiTi2(PO4)3,
Li4P2O7, AlPO4

143.7 0.25 57.6 95.0 201,
208

Li3.5Zn0.25GeO4
(LISICON)

1.44−3.39 Zn, Li4GeO4 O2, Li2ZnGeO4,
Li2GeO3

201

Li3InCl6 2.38−4.3 LiCl, In2Cl3 Cl2, InCl3 13.8a 36.3a 210
Li3YCl6 0.62−4.21 LiCl, Y Cl2, YCl3 38.11 0.274 14.95 28.19 210,

211
Li3OCl 0−2.55 Li3OCl Li2O2, LiCl 99.7 0.20 41.5 55.7 163,

208
Li2(OH)Cl 0.82−3.15 Li2O, LiCl, LiH LiH2ClO5, H2O, LiCl 43.1 0.24 17.4 27.6 212
Na3PS4 1.39−2.45 Na3P, Na2S S, P2S5 32.6 0.25 13.1 21.5 208,

213
Na3SbS4 1.83−1.90 Na3Sb, Na2S NaSbS2, NaS2 213
NaZr2(PO4)3 1.58−4.68 Na3P, ZrO2, Na3PO4 O2, Zr2P2O9, ZrP2O7 120.9 0.27 47.7 86.3 208,

213
Na3AlF6 0.46−6.19 Al, NaF F2, AlF3 28 51 213,

214
Na3OBr 0−1.79 Na3OBr Na2O2, NaBr 57.4 0.22 23.6 34.0 208,

213
aPredicated by materials project. https://materialsproject.org/materials/mp-676109/.
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Both reactions are energetically favored because of the negative
Gibbs free energy. The reaction with H2O is believed to be more
rapid, and produce a LiOH intermediate that subsequently
absorbs CO2 to form Li2CO3. The reaction with CO2 produces
Li2CO3 directly but proceeds with slower kinetics.
Halide electrolytes are generally stable in dry air because the

oxidation potential of Cl− is much higher than O2−, and O2 from
the air cannot oxidize the Cl− anion in an ambient environment.
Asano et al. investigated the stability of Li3YCl6 and Li3YBr6 in
different atmospheres.222 Li3YCl6 and Li3YBr6 electrolytes
showed promising thermal and oxidation stability without any
thermal decomposition, phase transition, or oxidation reaction
in both Ar and O2. On the basis of the theoretical calculations
from Mo’s group, most halide electrolytes of Li-M-Cl are stable
in contact with tracer amount of H2O due to the positive
hydrolysis reaction energies.223 The moisture stability is much
less of an issue for chlorides compared to sulfides. However,
many Li-M-Cl electrolytes suffer from irreversible chemical
degradation in experiments when exposed to a highly humid
atmosphere. For example, when the Li3InCl6 SSE is exposed to
an environment with 3−5% humidity, the ionic conductivity of
Li3InCl6 can still achieve over 10−3 S/cm and 10−4 S/cm after
exposure for 7.5 and 24 h, respectively.224 When increasing the
humidity to 30%, the conductivity of exposed Li3InCl6 reduced
to 3.98 × 10−7 S/cm after 24 h exposure. However, the ionic
conductivity for Li3YCl6 electrolytes dropped to 10

−7 S/cm after
12 h exposure even in 3−5% humidity environment.225

Additionally, Li3InCl6 can be recovered over 92% of its initial
ionic conductivity after reheating, while a value of only 0.8% of
the initial ionic conductivity was retained for Li3YCl6.

225 To
understand the degradation mechanism of Li3InCl6 exposed to
air, in situ and operando optical microscopy, Raman spectros-
copy and synchrotron X-ray analytical techniques were carried
out to track the chemical and structural changes.226 It is found
that Li3InCl6 is hydrophilic, leading to the absorption of
moisture from the air. A small portion of Li3InCl6 reacts with
absorbed H2O to form In2O3, LiCl and HCl, resulting in a
decrease in ionic conductivity. Moreover, the remaining
electrolyte absorbs H2O to form a hydrate, Li3InCl6·xH2O.
The Li3InCl6·xH2O can be dehydrated to produce Li3InCl6, and
then the ionic conductivity can be recovered after reheating at
200 °C under vacuum, leading to high tolerance to water.
However, the Li3YCl6 electrolyte degraded to YCl3·6H2O and
LiCl·H2O even in the low humidity of 3−5%, and cannot be
reformed after reheating the sample in a vacuum or inert
atmosphere.227

Most antiperovskite electrolytes are composed of a large
fraction of halide and are highly hygroscopic. Exposure of these
electrolytes to air for even a few seconds can lead to the
abnormally high “ionic conductivity” based on impendence
measurement, which has been attributed to the undesired
proton movement.104 Therefore, moisture is strictly avoided in
most antiperovskite electrolyte studies. It is noteworthy that
Braga et al., on the contrary, proposed the intentional usage of
water during antiperovskite electrolyte synthesis.13,16 They
added some water into the reactants and prepared the Li3OCl
series glass electrolytes in which they obtained the extremely
high conductivity (2.5 × 10−2 S/cm at 25 °C). However, the
proposed Li3OCl glass phase in the final product remains
controversial as it only reflects as a broad hump or featureless
background in the powder XRD pattern. Other amorphous
phases may also exist in the product. Recently, Dawson et al.

calculated the hydration enthalpy for the Li3OCl structure based
on the following reaction:158

Li OCl
1
2

H O Li (OH)Cl
1
2

Li O3 2 2 2+ → +
(24)

A strongly exothermic value was predicted for the reaction,
suggesting a high tendency of Li+/H+ exchange in the Li3OCl
and the difficulty in synthesizing H-free samples. Hanghofer et
al. also reported the moisture sensitivity of Li3OCl and pointed
out that traces of water could initiate the decomposition.228 A
wide spectrum of approaches were adopted for material
characterization in their investigation, including powder X-ray
diffraction, powder neutron diffraction and nuclear magnetic
resonance spectroscopy. They revealed that the fresh Li3OCl
sample is more likely to be Li2(OH)Cl and will undergo rapid
degradation and eventually transform into Li2CO3 and
amorphous LiCl·xH2O when exposed to air via the following
reactions:

2Li (OH)Cl H O Li (OH) Cl HCl2 2 4 3+ → + (25)

Li (OH) Cl CO HCl 2LiCl Li CO 2H O4 3 2 2 3 2+ + → + +
(26)

LiCl xH O LiCl xH O2 2+ → · (27)

According to the study, Li4(OH)3Cl forms as a hydrolysis
intermediate and subsequently reacts with CO2 and HCl to
produce LiCl, Li2CO3 and H2O. It was also suggested that the
Li4(OH)3Cl intermediate might first react with H2O and
transform into LiOH and LiCl. Then, LiOH will react with CO2
to produce Li2CO3. Since hydrated LiCl (i.e., LiCl·xH2O) is
energetically favored compared to LiCl, LiCl·xH2O is likely to
emerge as the hydrolysis product along with the Li2CO3, which
is consistent with the reported existence of LiCl·H2O phase in
hydrolyzed Li3OCl.

229 Moreover, Hanghofer et al. suggested
that the measured extraordinary ionic conductivities in Braga’s
work may come from the electrical conduction of the highly
hydrated forms of LiCl·xH2O, which show the same broad hump
in powder XRD signal reported by Braga et al. and usually take
conductivity values from 1.0 × 10−2 to 1.4 × 10−1 S/cm.228

Despite the discrepancy, there is no doubt that the existence of
H2O, no matter during electrolyte synthesis or after synthesis,
has a significant influence on the ionic conductivity results
acquired from impedance measurements. More evidence is
needed to verify these assumptions and one of the most direct
solutions might be to distinguish ionic conduction, proton
conduction and electronic conduction directly in these systems.
Comprehensive structure and composition characterizations of
the hydrolysis products as well as the starting materials are also
needed for analyzing the degradation process before any further
conclusions can be made.
On the other hand, understanding the atomistic origins of the

degradation is an important step for the design and synthesis of
antiperovskite electrolytes with enhanced air stabilities. The
interactions of antiperovskite frameworks with H2O or CO2
molecules are critical for this study but remain hardly explored.
Nevertheless, experience from the intensive investigations on
halide perovskite systems may provide some guidance in the
treatment of antiperovskite counterparts. The most widely
employed hybrid perovskite solar cell material, methylammo-
nium lead iodide (CH3NH3PbI3 or MAPbI3), is also subject to
degradation in the presence of moisture.230 Molecular dynamics
simulations have shown that the degradation of MAPbI3
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perovskite is initiated by H2O adsorption, which takes place
between the organic cation MA+ and the inorganic framework
[PbI3]

− due to the Coulomb attraction. The trapped H2O
molecule then serves as a catalyst to remove I− from [PbI3]

−,
producing PbI2 and isolated I

−. The highly negative I− then takes
a proton from MA+ and forms HI.77 On the basis of this result,
the degradation process of MAPbI3 perovskite can be slowed
down or even cut off through two routes: (i) to weaken the
interaction between H2O and [PbI3]

− so as to reduce H2O
adsorption; (ii) to provide a new [PbX3]

− framework with
stronger Pb-X bonding so that X− become less likely to be
separated from [PbX3]

−. It has been demonstrated that the total
charge of −1 could be well-distributed among cluster ions with
multi atoms (e.g., SCN− and SeCN−), generating a weaker
interaction with the H2O molecule than the single I− ions does.
Moreover, the bonding strength of Pb-X will be simultaneously
enhanced if I− ions is replaced by the cluster ions.27 As a result,
the simulated moisture stability of the hybrid perovskite can be
significantly improved, which has also been verified from
experimental results.231 In the case of antiperovskite structures,
halide anions usually located at the relatively free A sites may
accelerate H2O adsorption and lead to the rapid structure
degradation. Following the idea of internal charge distribution,
the drawback may be mitigated by substituting the halide anions
with suitable cluster ions. Moreover, the ionic conduction in
antiperovskites can be accelerated by the introduction of cluster
ions, as discussed in Section 5.3, making this strategy particularly
attractive.

6.4. Mechanical Properties

The mechanical properties of an electrolyte reflect its tolerance
to applied force or stress, but have aroused less attention
compared to the aforementioned chemical stabilities. However,
it has a profound influence on the postsynthetic processing of
electrolytes and the performance of full cells. For example, it is
critical to achieve intimate contact between the electrolyte and
electrode so as to build intergranular ionic pathways, but it
remains as one of the major challenges in solid-state battery

fabrication due to the poor solid−solid contact between the
electrolyte and electrode. In those with “soft” electrolytes, for
example many sulfides or halides, reasonable solid−solid contact
can be fulfilled by cold pressing and further enhanced by hot
pressing, whereas it is hard for the rigid electrolytes, such as
oxide electrolytes. High temperature treatment is often needed
to prepare the oxide electrolyte sheets as well as the electrolyte-
electrode composites, which will introduce residual stresses
inside the layers and may cause cracks or fractures if they do not
have proper mechanical properties. In addition to the challenge
in battery fabrication, the solid−solid contact issue also occurs
during battery operation due to the stress/strain build-up in
solid-state batteries. The repeated lattice expansion and
shrinkage of electrode materials during cycling introduce
dynamic stress on the electrolyte layer. Moreover, the stress at
grain boundaries can also be built up under temperature
variation due to the mismatch in thermal expansion coefficients.
These require the electrolyte to be able to deform as a response
to the electrode volume changes so as to avoid cracks or pores
between them. The ideal electrolytes are supposed to be “soft” to
accommodate the large strains before plastic deformation takes
place. On the other hand, the employment of metallic Li as
anode in solid-state batteries is highly desirable but hindered by
the formation of Li dendrite. Linear elasticity analyses
performed by Monroe and Newman suggested that SSEs with
sufficient shear modulus (at least twice that of metallic Li, ∼8.5
GPa) could effectively suppress Li dendrite formation.232 Porz
et al. argued that the shear modulus was not the dominant factor
to control dendrite formation and pointed out that Li penetrated
at defects but only when the current density is above certain
critical point.233 Raj and Wolfenstine also identified the critical
current density for dendrite formation in SSE system and found
its dependence on the ionic conductivity and fracture strength of
the electrolyte.234 In spite of the divergence, the mechanical
properties of SSEs are of increasing importance as the
investigations delve into the full cell level. Understanding how
electrolytes respond to the force or stress is essential for the
practical full cell application.

Figure 18. (a) Typical stress−strain curves for brittle, ductile and plastic materials. P, Y, U, and F represent the proportional limit, yield point, ultimate
tensile strength and fracture point, respectively. (b) Vickers indentation image of LLZO electrolyte. Reproduced with permission from ref 236.
Copyright 2020 Elsevier Ltd. (c) Micropillar indentation image of Al-substituted LLZO. Reproduced with permission from ref 237. Copyright 2018
Elsevier Ltd. (d) Typical load−displacement curves for indentation test in specific orientations. Reproduced with permission from ref 238. Copyright
2019 Elsevier B.V.
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There are a number of terms used to describe the mechanical
properties, for example Young’s modulus, plasticity, strength,
stiffness, toughness, and brittleness. Some of them can easily be
confused with each other. Before discussing the electrolyte
mechanical properties that may be useful in electrolyte design
and application, it’s important to review the general physical
concepts behind the mechanical properties. Stress and strain are
the two main concepts to start with. In typical cases involving
tension or compression, stress (σ) is the ratio of applied force to
a cross-section area, while strain (ε) is the ratio of the length
change to the initial length, showing the deformation of a solid
due to the stress. They can be expressed as

F
A0

σ =
(28)

L L
L L

0

0 0
ε δ=

−
=

(29)

where F is the applied force and A0 is the cross-section area. L0
and L are the initial and elongated (or compressed) lengths,
respectively. δ represents the length change. The relationship
between the stress and strain can be given by the stress−strain
curve from a tension or compression test on amaterial specimen.
A typical curve is shown in Figure 18a. There are several points
of interest in the curve of a specimen of ductile material (e.g.,
steel and copper), including the proportional limit (P), yield
point (Y), ultimate strength (U) and fracture point (F).235 The
stress−strain curve follows a linear relationship from the origin
point to the proportional limit (P), which is described by
Hooke’s law:

Eσ ε= (30)

where E is the slope of the linear line and generally called
Young’s modulus. The deformation of the specimen in this
region is elastic, which means that it can return to its initial state
when the stress is unloaded. The tendency for the recovering (or
the resistance to elastic deformation) is generally called stiffness,
and it is evaluated by the value of the Young’s modulus E.
The stress−strain relationships are identical in materials

under tension or compression as long as the stresses are below
the P point. Moreover, similar relationship also exists in samples
under shear stress/strain and can be described by Hooke’s Law.
The corresponding slope in this case is referred to as the shear
modulus (G), which can be related to the Young’s modulus (E)
by

E
G

2(1 )ν
=

+ (31)

where ν is the ratio of lateral strain to axial strain and noted as the
Poisson’s ratio.
The deformation is still elastic in the region from the

proportional limit (P) to the yield point (Y) even though the
stress−strain curve does not follow the linear relationship. The
maximum energy that the specimen can absorb during elastic
deformation is defined as the resilience of the specimen, which
can be calculated by taking the area under the stress−strain
curve from the origin to the yield point. Permanent deformation
occurs when the applied stress is beyond the yield point. In some
cases, the exact yield point cannot be clearly identified from the
stress−strain curve, and an offset yield point is defined under this
circumstance. The point is set by drawing a parallel line offset by
0.2% strain, and the intercept point with the stress−strain curve
is the target point. The associated stress at this point is known as

the yield strength or proof stress. The ultimate tensile strength
(U), or tensile strength, is the next step from yield point and
shows the maximum stress that the specimen can withstand
before fracture occurs. When the stress is in the range from yield
point to ultimate strength, the strength of the sample increases as
a result of strain hardening. Beyond the ultimate strength, the
specimen undergoes necking, and eventually breaks at the
fracture point (F). Stress associated with this point is called the
fracture strength or breaking strength. In contrast to the
resilience, the total energy that can be absorbed by the sample
without fracturing is called toughness. Modulus of toughness is
calculated as the area under the stress−strain curve from the
origin to the fracture point, as highlighted in Figure 18a. Fracture
toughness (K) is one definition of toughness, which measures a
material’s resistance to fracture in the presence of a crack or
other stress-concentrating defect and represents a key parameter
for evaluating the stability of SSEs in operating solid-state
batteries from mechanical viewpoint. It has been widely
recognized that defects (e.g., microcracks) could be generated
in electrolyte membranes during synthesis or cell operation and
lower the ionic conductivity.239 Therefore, a high fracture
toughness is desirable to resist crack propagation and keep the
integrity and conductivity of the electrolyte layer. Moreover, it is
noteworthy that the resilience or toughness is often confused
with the term of hardness that measures the ability of a material
to resist localized plastic deformation from compressive loads,
including denting, bouncing and scratching. A large hardness in
materials represents the high resistance to surface deformation
and the value can be given by a variety of measurements, for
example the Vickers hardness testing as a common route.240

The behaviors of specimens made from plastic and brittle
materials under stress are different from that of ductile samples,
as shown in Figure 18a. Plastic materials (e.g., organic polymers)
also exhibit elastic and plastic deformations; however, the elastic
deformation occurs in a much smaller stress region than that in
ductile materials. Moreover, the plastic materials do not display
strain hardening during the plastic deformation. Brittle
materials, on the other hand, display little elastic deformation
and hardly any plastic deformation before fracturing. Brittle
materials can only absorb very limited energy and will sustain
fracture without significant strain. The yield strength, ultimate
and fracture strength of these materials are usually the same. It
can be estimated from the stress−strain diagrams that a brittle
material may have a small toughness although it has a higher
ultimate tensile strength. The plastic material also shows a small
toughness in spite of the high ductility. From this viewpoint,
materials with both a high ultimate tensile strength and a high
ductility are likely to achieve a large toughness.
Materials are generally designed to operate within their elastic

deformation region, especially for the inorganic electrolytes that
are intrinsically brittle. SSEs in practical full cells must possess
appropriate elastic properties in order to deform elastically and
effectively compensate stress released from electrode materials,
which will otherwise build up concentrated stress at the
interfaces and cause cracks in the electrode or disconnection
between the electrode and electrolyte, and eventually lead to cell
failure. It is also necessary to suppress fracturing or flaw
propagation under an applied stress. Therefore, it is important to
evaluate the mechanical properties of SSEs for all-solid-state
battery application. However, there have been only a few reports
on this topic. Recently, efforts from experimental and theoretical
exploration have shown some progress. The experimental data
of the mechanical properties of SSEs were collected primarily
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from oxide electrolytes through the indentation route (Figure
18b,c). Cho et al. characterized the Young’s modulus and
hardness of LLTO through the nanoindentation and Vickers
indentation.241 The Young’s modulus and hardness of LLTO
were measured to be ∼200 GPa and ∼9.2 GPa, respectively.
Such high Young’s modulus and hardness were suggested to
ensure mechanical integrity of the electrolyte in aqueous Li−air
batteries. The fracture toughness of LLTO was further
determined based on the length of the Vickers-induced cracks
and measured to be ∼1 MPa m1/2, which was considered to be
low. Wang et al. investigated the mechanical properties of Al-
substituted LLZO by utilizing micropillar indentation splitting
technique, providing a locally resolved characterization of the
sample in contrast to the conventional Vickers indentation test
(macroscopic characterization).237 The microscopic fracture
toughness of Al-LLZO was measured to be ∼0.99 MPa m1/2,
which was slightly lower than the Vickers fracture toughness
(1.19 MPa m1/2). The Young’s modulus and hardness were
measured to be∼145.6GPa and∼8.5 GPa, respectively. Yu et al.
reported the elastic properties of LLZO based on a combination
of first-principles calculations, acoustic impulse excitation and
nanoindentation measurements.242 Generally, the oxide electro-
lytes possess very high Young’s moduli (100−200 GPa),
indicating a high stiffness in these materials, while their fracture
toughness needs to be improved. It is worth noting that
anisotropy should be considered in evaluating the mechanical
properties of SSEs. For example, LATP electrolyte was found to
possess noticeable anisotropic mechanical properties (Figure
18d). The Young’s modulus of LATP decreased from∼150 GPa
for the basal plane to∼107 GPa for the prismatic plane, whereas
the hardness decreased from 10.0 GPa for the basal plane to 5.5
GPa for the prismatic plane.238 Attention should be paid to the
anisotropic behavior of SSEs since the thickness of the SSE layer
in high-energy density solid-state batteries has been suggested to
be less than 30 μm and the orientations of electrolyte particles, if
not in controlled manner, are likely to cause inhomogeneity and
affect the overall structural integrity of the SSE layer under
stress.238,243

Sulfide electrolytes are generally less stiff than oxide
electrolytes. It has been proposed that soft sulfide electrolytes
with low elastic modulus would be ideal candidates for solid-
state batteries, accommodating the significant stress induced by
the volume changes of electrode materials during change and
discharge.188 The Young’s modulus of hot-pressed xLi2S·(100-
x)P2S5 (mol.%) electrolyte was measured to be in the range of
18−25 GPa, and it decreased with decreasing Li2S con-
tent.244−246 The Young’s modulus of cold-pressed pellets were
even lower than that of the hot-pressed sample and in the range
of 14−17 GPa. A simple room-temperature pressure sintering
process was demonstrated to offer dense SSE pellets and
intimate solid−solid contacts between SSEs and activematerials,
which is beneficial for producing solid-state batteries. The
mechanical properties of β-Li3PS4 were investigated from
theoretical (first-principles calculations) and experimental
(nanoindentation and bulk acoustic techniques) routes, both
giving very low bulk and shear moduli.208,247 The soft texture of
sulfide electrolyte may arise from the low bond dissociation
energy per unit volume and the ion packing density.244

However, such soft sulfide electrolytes have been shown to be
brittle with low resistance to fracture.246

The mechanical properties of antiperovskite electrolytes have
not been assessed experimentally yet. Nevertheless, efforts from
theoretical investigation have provided some valuable informa-

tion. Deng et al. obtained the elastic constants (Cij) of 23 typical
inorganic electrolytes including antiperovskite electrolytes with
the help of first-principles calculations based on DFT.208 The
simulated elastic constants of the antiperovskite electrolytes are
positive, which meets the “Born stability criteria” and indicates
the mechanical stability of unstressed antiperovskite struc-
tures.248 The elastic properties, including Young’s, shear and
bulk modulus (K, which measures the compressibility of a
material and gives the required hydrostatic pressure to trigger a
volume change in that material), and Poison’s ratio of the
electrolytes have been further calculated based on the elastic
constants (some of results are summarized in Table 3). The
Young’s, shear and bulk modulus of the prototypical Li3OCl
antiperovskite electrolyte were calculated to be 99.7, 41.4, and
55.7 GPa, respectively, which are larger than that of most sulfide
electrolytes but smaller than that of the traditional oxide
electrolyte, suggesting a medium stiffness in the antiperovskite
electrolyte under the order of thiophosphate < antiperovskite <
NASICON< garnet < perovskite. Moreover, antiperovskite with
a larger cation or anions was found to have lower elastic moduli;
the Young’s modulus of Na3OCl and Li3OBr are 60.2 and 92.8
GPa, respectively, which are smaller than that of Li3OCl (99.7
GPa). This trend is coincident with the result found in sulfide
electrolytes based on experimental observation.244 It might be
employed to tune the mechanical properties of antiperovskite
electrolytes for enhanced performance.
It is worth noting that the calculated shear modulus of the

Li3OCl antiperovskite reaches 41.4 GPa, which is much higher
than the stability threshold suggested by Monroe and Newman
(∼8.5 GPa) and indicates a potential to block lithium dendrites.
In comparison, the shear modulus of proton-rich counterpart
Li2(OH)Cl was estimated to be 17.4 GPa (Table 3), which is
significantly lower than that of Li3OCl but still higher than the
stability threshold. However, the criterion was originally
developed for polymer separators and its accuracy has not
been determined conclusively for inorganic SSEs, particularly
after the observation of Li penetration in several SSEs, like
LLZO that possesses very high shear modulus (68.9
GPa).233,249,250 Recent theoretical investigation suggested that
significant softening in elastic properties could occur in
nanoscale regions near grain boundaries of SSEs. The grain
boundary shear modulus could be 50% smaller than in bulk
regions because of the large excess volume associated with a
grain boundary.251,252 As a result, lithium dendrite would
penetrate the electrolytes through grain boundaries in spite of
the high shear modulus in the bulk regions of SSEs. This may
explain the reported Li penetration in Li2(OH)Cl electrolyte
and short-circuit of the Li/SSE/Li cells at 65 °C.104

Interestingly, similar cells could cycle repeatedly without
detectable lithium dendrite over much longer time at 195
°C,117 probably due to reduced shear modulus of the Li anode
(in molten state) at the elevated temperature, or reduced grain
boundaries or pores in the electrolyte after heating the cells.
Further study is needed to assess these factors.
The ratio of bulk modulus to shear modulus (K/G) is an

indication of the ductility/brittleness of a material and a low K/
G value is usually associated with a high brittleness.253 The
calculated K/G values of antiperovskites are generally low (∼1.4
compared to >2.0 for sulfide electrolytes and 1.6−2.0 for most
oxide electrolytes),208 indicating that antiperovskites electro-
lytes are more brittle than the traditional sulfide and oxides
electrolytes. Therefore, caution should be displayed during the
electrolyte thin-film processing and cell assembly.
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7. SOLID-STATE BATTERIES USING ANTIPEROVSKITE
ELECTROLYTES

7.1. Cell Engineering and Performance

Solid-state batteries generally consist of a stack of three
components (cathode layer, SSE layer, and anode layer). The
layers require intimate contact between particles and therefore
fabrication involves densification and integration of electrolyte/
active materials.
Cold-pressing of dry components has been the most common

route to fabricate solid-state batteries at the lab scale. In this
method, powder samples (electrolyte or composite electrode
materials) are pressed in molds to form pellets. For example,
antiperovskite Li2(OH)Br0.98F0.02 electrolyte powders were
pressed on a preformed LiFePO4 cathode and attached with a
lithium metal anode, forming an all-solid-state battery. The full
cell exhibited an initial discharge capacity of 99.5mAh/g at 0.2 C
and maintained a capacity of 68.0 mAh/g after 30 cycles when
operating at 80 °C.254 The initial discharge capacity is relatively
low compared to the value obtained in liquid-electrolyte-based
cells (around 158 mAh/g), which might arise from the limited
utilization of active materials in the solid-state cell due to low
densification and thus incomplete contact between the rigid
active material and SSE particles. High densification can be
achieved by applying heat during pressing, such as that observed
through the spark plasma sintering (SPS) process. It has been
found that SPS managed to increase the relative density of
pressed antiperovskite Na3OBr pellets to 96% from 89% of cold-
pressing sample, which reduced the interfacial impedance by 3
orders of magnitude.185 An increase in the active material
utilization and a decrease in the ohmic resistance can be
anticipated in the resultant full cells. This phenomenon can be
understood from the viewpoint of the mechanical properties of
antiperovskite electrolytes that generally possess high elastic
modulus, as discussed in the last section. Therefore, anti-

perovskite electrolytes cannot be easily densified at low
temperatures by simple pressing, in contrast to the softer
materials such as sulfides and borohydrides that can afford rather
high densification after cold-pressing. Simultaneous application
of pressure and heat is effective in increasing the densification of
electrolyte pellets or cell stacks; however, such processes are
prohibitively costly and have limitations on the thickness and
area of the pressed sample, limiting its utilization in the pursuit
of thin, large-area electrolyte membranes that are required for
constructing high-energy density solid-state batteries.243

Vapor deposition methods are able to deliver high-quality
membranes with controlled thicknesses, high densification, and
intimate solid−solid contacts. This route has been industrialized
to produce solid-state thin film microbatteries that possess high
energy and powder densities, excellent cycle life and extremely
low self-discharge rate.255,256 By using layer-by-layer PLD
techniques, researchers have built all-solid-state batteries with
graphite, antiperovskite Li3OCl and LiCoO2 films as the anode,
electrolyte and cathode, respectively.138 The resultant Li3OCl
electrolyte film was shown to possess large grain size, which
reduces the overall resistance and leads to higher ionic
conductivity as compared to the bulk pressed counterpart (2.0
× 10−4 S/cm vs 5.8 × 10−7 S/cm). The full cells were tested
between 2.2 and 4.2 V at a current density of 10 mA/g at room
temperature, and they gave an initial discharge capacity of ∼120
mAh/g (calculated from the weight of LiCoO2 cathode), which
was nearly 83% of the measured capacity of LiCoO2 in liquid
electrolyte system (∼145 mAh/g). This suggests improved
active material utilization in the full cells prepared via vapor
deposition compared to the above cold-pressed cells. Despite of
the aforementioned advantages, the scalability of bulk solid-state
batteries through this route still remains doubtful due to the
costs involved.257

A cost-effective route for building bulk solid-sate batteries
with reasonable densification/contact is the wet (solvent-based)

Figure 19. (a) Schematic illustration of the melt-infiltration process for solid-state batteries using low-melting antiperovskite electrolyte. (b) Scanning
electron microscopy (SEM) image and EDS mapping of the cross-section of a solid-state cell with an NCM cathode and LTO anode prepared by the
melt-infiltration technique. (c) Electrochemical performance of the cell. Reproduced with permission from ref 15. Copyright 2021 Springer Nature
Limited.
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method, which has been verified in many sulfide electrolyte-
based systems.146,147 In this route, SSE powders are dispersed or
dissolved in a volatile solvent and then deposited as a uniform
coating layer on the surface of active electrode materials after
evaporating the solvent, which provides improved solid−solid
contact area. Moreover, the slurry containing electrolyte or
electrolyte/electrode composite can be coated on a substrate
and produce large-area thin films by using a similar process to
lithium-ion battery electrode manufacturing. The different layer
components can be well-integrated after layer-by-layer slurry
coating and drying. Antiperovskite Li2.99Ba0.005O1+xCl1−2x glass
electrolyte was introduced into a porous substrate (fiberglass
sheet or recycled paper sheet) by researchers through the wet
method, forming an electrolyte membrane without grain
boundaries.16 The thickness of the electrolyte membrane was
0.06 mm in this report, which can be controlled by the selection
of substrate. The membrane was pressed between a lithium
anode and composite cathode containing sulfur, SSE and carbon
(47:43:10 wt %), forming an all-solid-state Li−S cell.
Interestingly, the resultant Li−S cell showed a significantly
greater discharge capacity than the capacity of the sulfur
cathode. The authors proposed a different mechanism from the
conventional electrochemical process, claiming that the lithium
metal with a high-energy Fermi level can be plated on the
cathode current collector with a low-energy Fermi level. The
voltage of the cell was proposed to be determined by a cathode
redox center having an energy between the Fermi levels of the
anode and that of the cathode current collector. However, there
exists controversy about this explanation considering the risk of
first-law violation.258

Many antiperovskite electrolytes have relatively low-melting
points,11,86,87 which is an important feature that differentiates
antiperovskite electrolytes from other electrolytes such as oxide
and sulfide electrolytes. This feature makes it possible to
engineer antiperovskite pellets or membranes with high
densities as well as desired thicknesses through melt casting.117

Analogous to the wet method, melt casting could also promote
intimate solid−solid contact, ensuring excellent ion transport in
the bulk. Very recently, researchers took advantage of the low-
melting point of antiperovskite Li1.9(OH)Cl0.9 electrolyte (∼300
°C), and fabricated all-solid-state batteries with Li-
Ni0.33Mn0.33Co0.33O2 (NCM111) cathodes and both Li4Ti5O12
(LTO) and graphite anodes.15 The Li1.9(OH)Cl0.9 electrolytes
were melted and infiltrated into thermally stable electrodes at
elevated temperatures, and then solidified during cooling,
forming integrated electrode/electrolyte stacks after the simple
one-step procedure, as shown in Figure 19a and b. The cell
possessed low interfacial resistance and demonstrated small
voltage hysteresis between charge and discharge curves (e.g., 0.1
V at 25 mA/g for the LTO/SSE/NCM111 cells) and reasonable
rate capability at an elevated temperature of 100 °C. It delivered
a high capacity of ∼150 mAh/g and a considerable capacity
retention of over 80% after 100 cycles (Figure 19c). The cell also
worked well at a reduced temperature of 60 °C, delivering
similarly small voltage hysteresis and high capacity retention
during cycling. As demonstrated by this example, the melt
casting route could deliver high-quality membranes or
integrated stacks like the wet method does; moreover, it is
more environmentally friendly (solvent free). This method
opens a new avenue for the low-cost fabrication of bulk solid-
state batteries with improved volumetric energy density. It
should be noted that the engineering and understanding of full
solid-state batteries using antiperovskite materials as SSEs is just

in its initial stages. With more research efforts being devoted to
this direction, it can be expected that higher performance solid-
state batteries using antiperovskite materials may be developed.

7.2. Antiperovskite Electrolyte/Electrode Interfaces

As discussed above, antiperovskite electrolytes have been
studied in the past years, in which reasonable ionic conductivity
has been achieved. However, there is only a few reports
demonstrating the full cell performances using antiperovskite
electrolytes. One of the major obstacles is the interface
instability in antiperovskite electrolyte-based solid-state bat-
teries. For example, solid-state batteries consisting of graphite/
Li3OCl/LiCoO2 can be prepared with excellent solid−solid
contacts through the PLD method. However, the cell capacity
decayed quickly to 55% after only 20 cycles.138 It is considered
that the capacity fading is attributed to the irreversible side
reactions at the interfaces between the electrodes and anti-
perovskite electrolytes. To realize the high-performance solid-
state batteries, there should exist stable interfaces between SSEs
and electrodes. Generally, the interfacial stability of solid-state
batteries includes electrochemical, chemical, mechanical, and
thermal stabilities in addition to interface wettability. In this
section, we will focus on the electrochemical and chemical
stabilities that have been investigated in the antiperovskite
electrolyte related interfaces.
The interfaces in solid-state batteries are categorized

according to three types, (i) thermodynamically stable
interfaces, (ii) mixed ionic−electronic conducting interphases
(MCI) with both electronic and ionic conductivity, and (iii)
solid electrolyte interphases (SEI) with negligible electronic
conductivity. Generally, the type (i) and (iii) interfaces are
expected to be beneficial toward the stable electrochemical
performances of solid-state batteries. The thermodynamic
stability at the interface depends on the electrochemical
windows of the SSEs, which has been discussed in the previous
section. The electrochemical stability windows of the SSEs
present the capability for resisting oxidation and reduction
during the extraction or insertion of the alkali ions and electrons.
Ideally, the SSEs are expected to have a wide electrochemical
stability window with high operating oxidation potential for
high-voltage cathodes and low reduction potential toward alkali
metal anodes. Computational methodologies have been
developed to examine the thermodynamics of the formation of
resistive interfacial phases.201,213,259 According to the calcu-
lations, the prototypical oxide electrolyte, garnet LLZO, has a
relatively wide electrochemical window of 0.07−3.2 V. There-
fore, it is predicted to be stable toward Li metal but may be
oxidized at high voltage. Most of the sulfide-based solid-state
batteries have narrow stability windows based on the simulation
results, which are approximately 2−2.5 V. For example, LGPS is
predicted to have an electrochemical stability window of 1.7−
2.1 V. The electrochemical windows of typical antiperovskite
electrolytes such as Li3OCl and Na3OBr are approximately 0−3
V and 0−2 V, respectively. Accordingly, these proton-free
antiperovskite electrolytes are thermodynamically stable with Li
and Na metal anodes. The electrochemical window of proton-
rich counterparts is narrower (for example, 0.82−3.15 V for
Li2(OH)Cl

212). The cathode/antiperovskite electrolyte inter-
face is one of the biggest issues due to their low oxidation
potentials. The antiperovskite electrolytes will be decomposed
at ∼3 V. In this case, antiperovskite electrolytes are unstable
against most of the popular cathode materials, such as LiCoO2,
LiFePO4, LiMnO2, LiNiO2, NMC, etc. However, there is no
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study to report the electrochemical reaction mechanism
between the antiperovskite electrolytes with different cathode
materials. More efforts should be attempted to understand the
interface between the antiperovskite electrolytes and electrodes
(both Li metal and cathode) beyond the thermodynamic
calculations.
Besides the electrochemical stability, chemical reactions may

also occur on the interface between the SSEs and electrodes of
cathode and anode. The chemical instability is driven without
external potential and is considered as a slow, static process. At
the cathode/SSE interface, the chemical stability between the
cathode electrode and SSEs have been predicted by theoretical
simulations. Both the cathode and SSEs may be decomposed
upon contact and without external potential. For example, most
of the sulfide SSEs are chemically unstable against oxide
cathodes such as LiCoO2 and NMC due to their high chemical
potential. The oxide SSE/cathode interfaces are regarded as
more stable, however, elemental interdiffusion has been
observed for both oxide and sulfide SSE/cathode interfaces.
Particularly, the high-temperature sintering process for oxide
SSEs will aggravate the interfacial diffusions/reactions between
oxide SSEs and cathode electrodes. Furthermore, the space
charge layer is another factor that contributes to the large
resistance between the SSEs and cathodes. Li-ions are expected
to transfer between cathode and SSEs under different chemical
potentials. The Li-ion redistribution on the interface will lead to
a carrier depletion zone across the SSEs, which will increase the
resistance and hinder the Li-ion transport during the electro-
chemical process. At the anode interface, the metallic Li (or Na)
is highly reactive and can react with most SSEs. For example,
SSEs with high oxidation state elements such as Nb5+, Ge4+, and
Ti4+ are reduced when placed in contact with Li metal, resulting
in electrochemical performance decay. Proton-free anti-
perovskite electrolytes, such as Li3OCl and Na3OBr, are
known to be stable with metal anodes. This stability can be
understood to arise from the anions being present in their lowest
oxidation state. Proton-rich antiperovskites, on the other hand,

are prone to react with molten Li (or Na) metal at elevated
temperatures to form new antiperovskites through the
deprotonation reaction as described in Section 4, but this
reaction has not been observed at room temperature most likely
due to the sluggish reaction kinetics. The chemical stability
between antiperovskite and cathode materials has not been
investigated and is expected to be explored further.
The interfacial properties and ionic transport between

antiperovskite Li3OCl SSEs and Li metal anode have been
investigated by first-principles calculations and AIMD simu-
lation.260 On the basis of the results, the interface between
antiperovskite Li3OCl electrolyte Li metal is stable, which is
electronically insulating and Li-ion conductive. The Li-ion
mobilities across the interface are predominantly along the
interfacial boundary and the Li ionic conductivity at the Li3OCl
side of the L3OCl/Li interface is 1 order of magnitude higher
than that of bulk Li3OCl. The simulation results provide detailed
information on the interfacial stability and properties between
antiperovskite Li3OCl electrolyte and Li metal. Besides the
computational results, some experimental works were also
reported to prove the stability between the antiperovskite
electrolytes and Li metal anodes. A Li/Li3OCl/Li symmetric cell
with PLD deposited Li3OCl electrolyte showed an interesting
self-stabilizing phenomenon in the first 20 charge−discharge
cycles at room temperature.137 Afterward, the interface can be
stabilized with constant overpotential. Another work by the
same group also showed that the overpotential of Li/Li3OCl/Li
symmetric cell increased gradually during the first few cycles and
then remained approximately stable up to 72 h.138 Furthermore,
the interface stability against Li for the proton-rich anti-
perovskite Li2(OH)Cl electrolyte was studied.

117 As shown in
Figure 20, the symmetric Li/Li2(OH)Cl/Li cell showed great
cyclability with molten lithium anode when the cell was run at
195 °C. A stable interlayer, with a thickness of 50 μm, was
further identified between the electrolyte and lithium anode.
The in situ generated interlayer had a higher concentration of
oxygen. It was proposed that the antiperovskite Li2(OH)Cl

Figure 20. SEM images of a Li/Li2(OH)Cl/Li symmetric cell showing a cross-section of the SEI (a) after 40 and (b) after 160 charge/discharge cycles.
Correlating EDX mapping of (b): chlorine in green (c) and oxygen in red (d). (e) The cyclability of the Li/Li2(OH)Cl/Li symmetric cell at 195 °C
with a current density of 1.0 mA/cm2. Reproduced with permission from ref 117. Copyright 2016 American Chemical Society.
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electrolyte reacted with molten lithium to form Li2O, LiCl and
H2 gas under chemical and electrochemical reactions. The LiCl
product was located closer to the Li2(OH)Cl electrolyte, while
Li2O was closer to the lithium anode and constituted the bulk of
the interlayer. This interphase layer can prevent further
reactions between Li2(OH)Cl and Li metal while maintaining
good electrochemical cycling. On the basis of the reported
works, antiperovskite electrolytes are quite stable against Li
metal. However, a deeper understanding of the composition of
the interface and mechanism of formation are expected to be
further explored.
Additionally, due to the good interface stability between

antiperovskite electrolytes with lithium metal, the electrolytes
have been employed to construct composites with oxide or
sulfide electrolytes that are less stable with lithiummetal anodes.
For example, antiperovskite Li3OCl electrolyte was mixed with
LLZTO electrolyte to form a composite electrolyte, in which the
Li3OCl electrolyte acting as a binder, filler, and promoted a
continuous ionic conductive network among LLZTO par-
ticles.261 The resultant solid-state LiFePO4/LLZTO-Li3OCl/Li
cell delivered stable specific capacities as high as 157.5 mAh/g
and 85.7 mAh/g at 0.05 and 0.5 C, respectively. A similar
concept of garnet-based bulk-type all-ceramic lithium battery
has also been demonstrated, in which the antiperovskite
Li2.985B0.005OCl electrolyte was used as sintering agent and was
uniformly coated on both LiCoO2 and LLZO.262 The
Li2.985B0.005OCl displayed a low melting point and high ionic

conductivity, which provided fast Li+ transportation in the
cathode and lead to low interfacial resistance. In another work,
the antiperovskite Li2(OH)Br electrolyte was applied as
additives for Li7P3S11 sulfide electrolyte and the mixed
electrolytes were obtained by high energy ball-milling
method.263 The as-prepared Li7P3S11−Li2(OH)Br composite
electrolytes showed improved electrochemical performances
with good cycling stability and extended electrochemical
window. With 10% Li2(OH)Br, the composite electrolyte
presented the highest ionic conductivity of 4.4 × 10−4 S/cm at
room temperature. Full cell using LiNi0.6Mn0.2Co0.2O2
(NMC622) as the cathode material exhibited a discharge
capacity of 135 mAh/g at room temperature. These studies
revealed that the antiperovskite electrolytes can be used not only
as the electrolyte layer but also to modify the interface between
other electrolytes and electrode materials due to their excellent
stability against lithium metal anodes.

7.3. Interface Modification Approaches

As discussed, the major limitation of antiperovskite electrolytes
is at the cathode/electrolyte interface, especially for high voltage
cathode materials. To address the issues associated with the
cathode/electrolyte interface, interfacial coatings have been
proposed as effective strategies. Although this area has not been
explored in antiperovskite electrolytes, researchers can start
from drawing lessons from the studies of other electrolyte
systems, such as sulfide or oxide electrolytes. The basic
requirements for the interfacial coating materials on cathode/

Figure 21. Interface engineering at cathode/electrolyte. (a) Reaction energies at fully lithiated cathode/electrolyte, fully lithiated cathode/coating, and
coating/electrolyte interfaces. (b) Some common interfacial materials. Reproduced with permission from ref 201. Copyright 2015 American Chemical
Society. (c) Polyanionic oxides as coating layers for cathode materials. Reproduced with permission from ref 264. Copyright 2019 Elsevier B.V. (d)
SEM cross-section of an Al2O3-coated NCM111 electrode infiltrated with antiperovskite Li1.9(OH)Cl0.9 electrolyte; vertical EDS line scans show Ni
(from NCM, purple) and Cl (from electrolyte, green). (e) EDS mapping the melt-infiltrated NCM111 electrode, where the purple color represents
combined Ni/Co/Mn (from NCM) and the green color represents Cl (from electrolyte). (f) High-resolution EDS mapping of the NCM−electrolyte
interface. (g) SEM image of the NCM−electrolyte interface after 100 charge−discharge cycles of the cells. Reproduced with permission from ref 15.
Copyright 2021 Springer Nature Limited.

Chemical Reviews pubs.acs.org/CR Review

https://doi.org/10.1021/acs.chemrev.1c00594
Chem. Rev. 2022, 122, 3763−3819

3802

https://pubs.acs.org/doi/10.1021/acs.chemrev.1c00594?fig=fig21&ref=pdf
https://pubs.acs.org/doi/10.1021/acs.chemrev.1c00594?fig=fig21&ref=pdf
https://pubs.acs.org/doi/10.1021/acs.chemrev.1c00594?fig=fig21&ref=pdf
https://pubs.acs.org/doi/10.1021/acs.chemrev.1c00594?fig=fig21&ref=pdf
pubs.acs.org/CR?ref=pdf
https://doi.org/10.1021/acs.chemrev.1c00594?urlappend=%3Fref%3DPDF&jav=VoR&rel=cite-as


electrolyte interface share some similarities, including the need
for uniform and conformable coatings, good ionic conductivity,
wide electrochemical windows, and suitable mechanical proper-
ties. The electrochemical windows of the interfacial coating
materials should bridge the potential gap between anti-
perovskites electrolytes and cathode materials, which are usually
in a range between 3 and 4 (5) V. Theoretically, the coating
layers mitigate the low Li chemical potential μLi from the
cathode material applied on the electrolytes, as shown in Figure
21a. In this case, the oxidation and delithiation of the electrolytes
at the cathode interface can be prevented, and the oxidation
potential of the electrolyte is extended by the artificial coating
layer.201 Therefore, the oxidation potential of the anti-
perovskites electrolytes can be effectively extended from 3 V
to over 4 V. On the basis of this principle and the calculated
results, some popular oxides might be promising candidates for
interface engineering, such as LiNbO3, Li2SiO3, LiTaO3, Li3PO4,
Li2ZrO3, et al. Most of these coating layers have electrochemical
windows with reduction potentials of 0.7−1.7 V and oxidation
potentials of 3.7−4.2 V (Figure 21b). Moreover, computational
screening has shown the possibility for polyanionic oxides as
coating layers for cathode materials,264 as shown in Figure 21c.
Compared to the nonpolyanionic oxide, the polyanionic oxides,
including LiH2PO4 and LiTi2(PO4)3, meta-phosphates LiPO3,
LiLa(PO3)4, and LiCs(PO3)2, and borate LiBa(B3O5)3,
generally have higher oxidation limits (>4.5 V). Moreover,
metal oxide coatings and polyanionic coatings provide a much
more stable interface with oxide cathodes than most of the SSEs,
as shown in Figure 21c. In addition to oxide coatings, the
fluoride compounds, including LiF, Li3AlF6, etc., display even
higher electrochemical window up to 6 V, which have also been
reported as coating layers for solid-state batteries.
Different methods have been attempted to obtain a good

interfacial coating for SSBs, such as the wet-chemical method,
spray coating, PLD, and ALD.265 The wet-chemical method is
one of the most widely used and cheapest methods to fabricate
the coating layer on cathode materials for either liquid battery
and solid-state batteries. Different coating materials, such as
metal oxide, and oxide SSEs, have been synthesized by the wet-
chemical method for solid-state batteries.266−271 However, one
of the shortfalls of the wet-chemical method is that the thickness,
morphology, and homogeneity of the coating layer cannot be
precisely controlled. Another concern related to the wet-
chemical method is the presence of solvent and the
postannealing process at high temperatures. PLD, as a physical
vapor deposition method, has been employed to deposit the
coating of Li3PO4 for solid-state batteries with smaller interfacial
resistances, enhanced cycle life and improved capacities.272−274

However, one disadvantage of the PLD method is that it is
challenging to achieve conformal coatings and the thickness of
the PLD is usually quite thick (up to 50 nm), which can
potentially impede ionic transport.
Among the various approaches, ALD and molecular layer

deposition (MLD) are the most promising methods to modify
the interface. MLD has been further developed by replacing the
oxidizing precursors used in ALD (e.g., H2O, O2, O3) with
organic linkers or molecular fragments into the film. ALD/MLD
is a self-limiting process in which the growth of the film is
dictated by gas−solid surface reactions.275−277 ALD/MLD
techniques show unique properties, including excellent
uniformity and conformity, precisely controlled thickness, and
low growth temperatures.278−280 Different interfacial materials
listed above, such as LiNbO3, Li2SiO3, LiTaO3, Li3PO4, LiZrO2,

LiF, and Li3AlF6, have been successfully developed by
ALD.281−287 ALD/MLD techniques have received increasing
attention to solving the interfacial issues for batteries, including
liquid and solid systems. The ALD coatings (such as Li3PO4,
LiTaO3, LiNbO3) were deposited on different cathode materials
and then used in different solid-state batteries. For example, we
reported the ALD LiNbO3 coating for Ni-rich layered oxide
LiNi0.8Mn0.1Co0.1O2 (NMC811) cathode used in sulfide-based
solid-state batteries with LGPS as SSE. As a result, the ALD
LiNbO3 layer can effectively prevent the reactions between
NMC cathode and LGPS SSEs.288 Furthermore, a dual-
functional Li3PO4 (LPO) modification was designed for Ni-
rich layered oxide cathodes in sulfide-based solid-state batteries
with significantly improved performances.289 However, one of
the major concerns for ALD/MLD is the practicality of large-
scale deposition for industrial applications. To address this
concern, large-scale spatial ALD systems have been proposed
and developed. For example, the rotary reactor and fluidized bed
reactor have been successfully developed for the large scale
ALD/MLD deposition on powders with the capabilities of
processing material from kilogram to ton’s levels.290−295

Currently, there is no systematic study focusing on the
understanding and modification of the interface between
antiperovskite electrolytes and cathode electrodes. However,
the interfacial challenges still remain based on the calculated
electrochemical windows. To achieve stable cathode/anti-
perovskite electrolyte interfaces, interfacial engineering ap-
proaches, such as wet-chemical, PLD, ALD, and MLD, are
expected to play an important role based on the experience from
other electrolyte systems (like sulfides). In a recent work by Xiao
et al., NCM cathodes were coated by a thin layer of Al2O3
through ALD, which offered an excellent wetting of the NCM
cathodes with the antiperovskite electrolyte after melt-
infiltration and avoid further reactions between cathode and
electrolyte (Figure 21d−f).15 This resulted in minimal
interfacial impedance at the interface and promoted a tight
connection between the cathode and the SSE even after
prolonged cycling of the cells (Figure 21g).

8. ADVANCED CHARACTERIZATION TECHNIQUES
FOR ANTIPEROVSKITE ELECTROLYTE STUDY

The development of new antiperovskite electrolytes for solid-
state battery applications relies on the thorough understanding
of material structures and interface evolution at multiple scales,
which can be assisted through the use of a variety of
characterization techniques. XRD, scanning electron micros-
copy (SEM) and transmission electron microscopy (TEM) are
the most frequently used techniques in laboratories, however
each of them has their own limitations in delivering structural
information. In this section, we will focus on some advanced
characterization techniques that are less used but stand out as
necessary complements to the conventional techniques in the
study of antiperovskite electrolyte materials and solid-state
batteries.

8.1. Solid-State Nuclear Magnetic Resonance

Solid-state nuclear magnetic resonance (ss-NMR) spectroscopy
is a powerful method for probing the chemical environments of
various magnetically active elements. It is ideal for investigating
the small changes in local structure. On the one hand, magic
angle spinning (MAS) NMR is used to average out internal
interactions (e.g., dipolar and quadrupolar couplings between
nuclei) of the anisotropic solids, which is beneficial for collecting
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high-resolution spectra similar to that seen in the liquid-based
NMR. This can provide a quantitative measurement for the
phase andmaterial structure evolutions at the atomic level versus
the time scale. On the other hand, the NMR resonance is very
sensitive to movements of diffusive ions, such as Li ions and
protons while completely excluding the effect of grain
boundaries. Therefore, ss-NMR can be used to precisely analyze
the dynamic feature of movable species in solid-state electrolytes
via designing variable-temperature (VT) experiments or
saturation recovery and spin-lock pulse sequences. Specifically,
the motional narrowing effect of NMR line shapes for nuclei
reflects the Li-ion dynamics in different crystal structures, while
the spin−lattice relaxation time (T1) indicates the rate of energy
transfers from an excited state to equilibrium under the influence
of neighboring environment (coordination, vacancy, etc.).
With respect to the crystal structure of antiperovskites, ss-

NMR was demonstrated to witness the phase evolution of
antiperovskites based on the line shape analysis of 7Li NMR
spectra. Principally, the quadrupole 7Li can present two spin
transitions: central transition (+1/2 ↔ −1/2) and satellite
transition (±3/2 ↔ ±1/2), leading to narrow and broad
resonance peaks, respectively. When the local symmetry at the
site of the 7Li is virtually cubic, the broad component is absent.
The phase transformation of Li2(OH)Cl can be illustrated in
Figure 22a, and the traced 7Li MAS NMR spectra in different
intermediate stages are displayed in Figure 22b.159 A broad
spectrum at −20 °C is assigned to the environment of featured
Li atoms in the orthorhombic structure, which consists of at least
two overlapping peaks at −0.481 and 0.708 ppm. Upon heating
to 40 °C, only one single 7Li resonance peak at 0.697 ppm
remains, whereas the broad flank peaks vanish. The occurrence
of one single peak corresponds to two near equivalent Li sites per
unit cell with similar Li−O bond lengths of 1.96 Å, which agree
well with the cubic symmetry obtained from the corresponding
XRD analysis. Schwering et al. also investigated the 7Li NMR

spectra of LiCl·H2O, Li2(OH)Br, and LiBr·H2O in the
temperature range of −70 to 60 °C.39 As shown in Figure 22c,
LiCl·H2O shows no phase transformation in the entire
temperature range, because the board spectra (peak width 120
kHz) keep steady in the wide temperature range. Comparatively,
an obvious line shape change occurs at each designated
temperature for the bromide counterpart (LiBr·H2O). In the
spectra taken at temperatures above 30 °C (cubic phase), the
quadrupolar coupling pattern collapses and a narrow signal
shows up. The phase transformation in the case of Li2(OH)Br is
not confirmed, but somewhat cubic environment of the 7Li
nucleus is presented between −60 and 50 °C.
VT line shape analysis andT1 measurement for 7Li are the two

most commonly used NMR-related techniques to analyze the
dynamics in antiperovskites as in other Li-ion conduc-
tors,39,228,296 while the largest characteristic of using ss-NMR
for antiperovskite electrolytes is identifying the dynamics of
proton correlating with Li-ion motion. The related research
history can retrospect to Chihara et al. early in 1969.99 They
used VT 1H and 7Li NMR to study the disorder in lithium iodide
monohydrate (LiI·H2O) material that shares a similar cubic
structure with the antiperovskite Li2+xH1−xOX (X = Cl, Br). The
H2O molecule is found that reorient at the body-center position
with an activation energy of 13.4 kcal/mol and Li+ ions diffuse
among face-center positions with an energy barrier of 13.5 kcal/
mol. Moreover, the motions of H2O and Li+ ions are not
independent but correlate with each other. The mutually pulling
mechanism between H2O and Li+ ions is believed to show some
similarity compared with the recent findings by Song et al. that
presence of proton in Li2+xH1−xOCl (0 ≤ x < 1) yields
significantly improved Li+ ionic conductivity.105 In 1997,
Eilbracht et al. also confirmed a similar dynamical orientational
disordering of OD− in Li2(OD)X (D: deuterium, X = Cl, Br)
with VT 2H NMR.157

Figure 22. (a) Structure transformation of Li2(OH)Cl (Li, yellow; VLi′, white; O, red; H, dark gray). (b) 7Li MAS NMR of Li2(OH)Cl with
1H

decoupling at 250, 293, and 313 K at 15 kHz spinning speed. (c) 7Li NMR spectra of LiCl·H2O, Li2(OH)Br and LiBr·H2O showing no, a smooth and a
sharp transition into a cubic phase, respectively. (d) T1 value of

1H and 7Li for Li2(OH)Cl. (e) Schematic representation of the Li-ion hopping
mechanism in the cubic Li2(OH)Cl. TheOH

− groups point toward Li vacancies. Li-ion hopping occurs via these vacancies, denoted by the blue dashed
arrows. Rotation of the OH− groups occurs as a result of a nearby Li ion hopping to an adjacent site, denoted by the black dashed arrow. (a,b)
Reproduced with permission from ref 159. Copyright 1999−2021 John Wiley and Sons, Inc. (c) Reproduced with permission from ref 39. Copyright
1999−2021 John Wiley and Sons, Inc. (d, e) Reproduced with permission from ref 158. Copyright 2018 The Royal Society of Chemistry.
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However, there was no comprehensive examination of Li+ ion
diffusion correlating with proton dynamics in the H-containing
antiperovskites (e.g., representative Li2‑xOH1−xCl electrolytes, 0
≤ x < 1) until 2018. Dawson et al. first applied 1H, 2H and 7Li ss-
NMR spectroscopy in combination with AIMD simulation to
indicate a fast Li-ion diffusion but ruled out the contribution of
long-range proton diffusion.158 Namely, the proton motion is
verified as localized, but Li-ionmobility occurs in the long-range.
They obtained the 1H and 7Li T1 values of Li2(OH)Cl along
with elevated temperatures as displayed in Figure 22d,
respectively. The rapid change of T1 between 0 and ∼60 °C
for both cases indicates the phase change from orthorhombic to
cubic intermediately. Comparing the 1H and 7Li T1 values at 100
°C, there is an order of magnitude difference, which suggests
high Li-ion mobility in Li2(OH)Cl but limited proton mobility.
To further investigate the local behavior and mobility of the
OH− groups, the author studied deuterated Li2(OH)Cl
electrolyte using VT MAS 2H NMR from −19 to 110 °C.
Although the known phase transition occurs at 35−40 °C, the
almost unchanged 2H NMR spectra indicate the OH−/OD−

groups are still static. Even at 63 °C, accomplishment of phase
change cannot trigger the movement of OH−/OD− groups. Till
to 69 °C, significant line shape change of 2H NMR spectrum
took place, suggesting the mobility change of OH−/OD−

groups. However, the single relatively broad (2.7 kHz)
resonance of deuteron at 110 °C indicate that the movement
is from OH−/OD− groups (H/D rotation around the oxygen)
rather than a free deuteron. Combining these NMR results with
AIMD simulation, the authors concluded that themobility of the
Li+ ions in Li2(OH)Cl/Li2(OD)Cl is intimately connected to
the position of the OH−/OD− groups within the structure. They
proposed the Li-ion hopping mechanism in cubic Li2(OH)Cl as
illustrated in Figure 22e. The transport of Li+ ions is based on Li
vacancies, while this hopping can influence the position of the
OH− groups. When a Li vacancy is filled, the H will rotate
around the oxygen, repositioning itself so that it can always point
toward a vacancy. As such, the greatest degree of freedom and
movement is achieved.
Recently, Song et al. reported a more detailed analysis of the

T1 data to study the role of H in the representative Li2(OH)Cl
antiperovskite.159 They used a biexponential function with two
different relaxation times T1 (fast) and T1 (slow) to perform a
good fitting for T1 of both

1H and 7Li. The temperature range is
∼40 to 80 °C, covering four commonly studied stages of this
antiperovskite: Stages I/II - orthorhombic, Stage III - structural
transformation to tetragonal/cubic, and Stage IV - cubic
structures. For the 7Li, both fast and slow relaxation rates R1
(the reverse of T1) continuously increase through all stages. At

Figure 23. SR-XRD for antiperovskite electrolytes: (a) Li2(OH)Cl and Li2(OH)Br. Reproduced with permission from ref 305. Copyright 2020
Elsevier Inc. (b) In situ SR-XRDunder high P-T conditions. Reproducedwith permission from ref 142. Copyright 2014 Elsevier B.V. (c) Temperature-
dependent SR-XRD patterns of Li2(OH)Cl and the correlated ionic conductivity change as a function of temperature. Reproduced with permission
from ref 304. Copyright 2020 American Chemical Society.
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temperatures above 0 °C, the fast relaxation component
becomes dominant, and the T1 becomes a single-exponential
with the relaxivity R1 (Li, fast) in Stage IV. This suggests that
translational motion of Li+ occurs at high temperatures in Stage
IV (small peak with of ∼0.7 kHz starting at 40 °C), and the Li+
ions travel through vacancies in the structure, thus averaging out
various relaxations that exist at low temperature (Stages I−III).
In contrast, for T1 relaxation of 1H, even at the highest
temperature, the curve remains nonexponential, which means
protons in the OH remaining on a fixed lattice. In addition, the
authors correlated the dynamic analyzed by measurement of T1
with the ionic conductivity via EIS to further illustrate the
motional feature of protons. The activation energies derived
from 7Li relaxation rates are 0.326 and 1.51 eV for cubic (Stage
IV) and orthorhombic structures (Stage III), respectively. They
are in good agreement with the EIS results. Nevertheless, the
activation energies of the 1H-T1 relaxation are lower by a factor
of 2−3 in both aforementioned structures, demonstrating a
more localized nature of the 1H motion.

8.2. Synchrotron Radiation X-ray Techniques

Synchrotron radiation (SR) is a powerful tool for studying the
fundamental working mechanism of battery materials.297 The
SR X-ray techniques have various advantages of high flux and
brilliance, highly collimated light with tunable energies, and a
broad spectrum of the X-ray beams. These properties enable its
use for characterization tools involving scattering, spectroscopy,
and imaging techniques, which are used to obtain structural and
chemical information with different levels of spatial and
temporal length scales.298−300 The SR X-ray techniques have
been developed in the recent year to characterize the physical
and chemical properties of the battery materials.301,302

SR-XRD is one of the most widely used methods to study the
structural and chemical information of electrolytes, including
the antiperovskite electrolytes. The working principle of SR-
XRD is similar to the conventional XRD. However, the SR-XRD
has better resolution and intensity using a synchrotron beam
along with enhanced signal strength with reduced test time,
which enables the development of time-resolved XRD and in
situ/operando XRD in synchrotron beamlines.297 The SR-XRD
was developed to analyze the phase transition and crystal
structure of the antiperovskite electrolytes.130,303,304 For
example, the SR-XRD patterns of Li2(OH)Cl and Li2(OH)Br
are shown in Figure 23a with their refinement results.305 The
cubic Li2(OH)Cl and Li2(OH)Br are shown to possess cubic
antiperovskite crystal structure models with the space group
Pm3̅m. The SR-XRD patterns of orthorhombic Li2(OH)Cl was
refined with an orthorhombic cell with the space group Pmc21.
Moreover, the detailed lattice parameters for Li2(OH)Cl and
Li2(OH)Br were refined from the SR-XRD results.
In addition to the regular SR-XRD measurements, in situ

XRDhas been developed to study the phase and crystal structure
of antiperovskite electrolytes under different conditions. We
have applied in situ and real-time SR-XRD to study the
formation processes of Li3OCl and Li3OBr antiperovskite under
high P-T conditions,142 as shown in Figure 23b. A Li3Cl(OH)2
phase was formed at 425 K and 0.6 GPa using the Li2O:LiCl
precursors with a 1:1 molar ratio. After heating to 425 K, the
cubic Pm3̅m structure can be observed from the diffraction line,
indicating the formation of Li3OCl antiperovskite. The temper-
ature-dependent SR-XRD has been further developed to study
the phase change of antiperovskite Li2(OH)Cl upon heating and
cooling,304 as shown in Figure 23c. It was observed that the

Li2(OH)Cl displayed a phase transition near 38 °C from an
orthorhombic phase to the cubic phase. As a result, the ionic
conductivity change from 1.2 × 10−8 S/cm at 37 °C to 1.4 ×
10−6 S/cm at 39 °C. Upon cooling through the phase transition,
the conductivity decreases abruptly by about a factor of 10 at the
same transition temperature. Furthermore, in situ SR-XRD
upon compression and decompression at different pressures was
also designed to study the phase change of antiperovskite
Na3OBr and Na4OI2 electrolytes.

306 The results showed that
both cubic Na3OBr and tetragonal Na4OI2 are stable up to 24.3
GPa upon compression. After decompression, the sample
returns to a similar cell volume observed at ambient conditions.
It is believed that the stable structure of Na3OBr and Na4OI2
under pressure is due to the pseudorigid building blocks
consisting of ONa6 octahedron.
As discussed in the previous section, the interfacial stabilities,

including electrochemical, chemical, mechanical, and thermal
stabilities, significantly affect the performances of the solid-state
batteries. To comprehensively understand the interfacial
reactions and phenomenon, many typical SR X-ray techniques
have been employed, such as high-energy X-ray photoelectron
spectroscopy (HEXPS), X-ray absorption near edge structure
(XANES), and extended X-ray absorption fine structure
(EXAFS). These techniques are developed to investigate the
chemical/electrochemical interfacial reaction mechanisms of
solid-state batteries. For example, XPS is an effective approach
to study the chemical state, overall electronic structure and state
of the interfaces while providing quantitative information of
elemental compositions. Compared to the traditional XPS, faster
measurements and better resolution can be obtained with the
use of bright synchrotron radiation. Moreover, by tuning the
photon energy by SR, a tunable depth sensitivity of 2−50 nm can
be achieved to perform nondestructive depth-resolved analysis.
The usage of SR-HEXPS has been demonstrated to study the
interfacial stability of NASICON type electrolyte LATP against
the Li metal anode.307 Furthermore, X-ray absorption spectros-
copy (XAS) is widely used in the investigation of the local
geometric and electronic structure of materials, especially for
battery application. The full XAS spectrum is typically divided
into two regions consisting of XANES and EXAFS, in which the
XANES data provides quantitative or qualitative information on
oxidation states, site symmetries and covalent bond strength of
specific elements and EXAFS can be used to provide
information on the local atomic structure of the probed
elements.297 Ex-situ and in situ XANES have also been
developed to study the interfacial reactions for polymer, oxide,
sulfide, and halide SSBs.288,307−309 To date, there is almost no
study on the development of SR X-ray spectroscopy (such as
XPS and XAS) techniques for the study of interfacial behaviors
in antiperovskite solid-state batteries. However, as described in
the previous sections, the chemical/electrochemical mechanism
between the antiperovskite electrolytes with different electrode
materials is poorly understood, in which the SRX-ray techniques
can provide a promising opportunity for future studies.

8.3. Neutron Diffraction

One of themost important features of neutron diffraction for the
study of SSEs, particularly for antiperovskite electrolyte
investigation, is the capability of detecting low-Z elements (or
light elements, such as H, Li, O, and F) that cannot be detected
by X-ray (synchrotron) techniques with sufficient accuracy. The
reason lies in the fact that X-rays are electromagnetic waves, also
called photons, and interact with electrons of atoms via the
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electromagnetic interaction. The scattering power of X-rays
(and neutrons) by an atom is measured by the coherent
scattering cross section σ (σ = 4πb2, where b is the coherent
scattering length). The X-ray coherent scattering length is
proportional to the atomic number Z, as shown in Figure 24a.
The X-ray signals of light elements are weak and easily
overwhelmed by signals from high-Z elements if present in the
sample. In contrast, thermal neutrons are subatomic particles
and interact directly with atomic nuclei through short-range
nuclear forces.310,311 The neutron scattering length of the atoms
is rather random and can be either positive or negative, while the
values of the scattering length for the low-Z elements are of the
same order of magnitude as those of the high-Z elements (Figure
24a).312 Another important feature of neutron diffraction is the
ability to distinguish nearby elements, which arises from the
discernible difference between the neutron scattering lengths of
the neighboring atoms. This is of particular importance for the
study of transition metal elements Fe, Co, Ni, and Mn that
constitute most cathode materials and possess very similar X-ray
scattering lengths.
The utilization of neutron diffraction for the study of

antiperovskite electrolytes has been performed mainly for two
purposes. One is the need for structure interpretation. For
example, antiperovskite M3HCh (M = Li, Na; Ch = S, Se, Te)
electrolytes were designed and synthesized via high-pressure
methods,143 as discussed in Section 4. The idea behind this
design was to exploit the large polarizability of hydride (H−)
together with chalcogenide (Ch2−) to construct antiperovskites
with substantially soft anionic sublattices, and therefore to lower
themigration batteries for Li+/Na+ transport and to achieve high
ionic conductivity. The proposed antiperovskites are very
interesting from the structural point of view as most of the
antiperovskite electrolytes have been obtained with divalent
anions (oxide/sulfide) at the octahedral B sites and with larger
monovalent cations occupying the dodecahedra A sites (Figure

2a). However, the monovalent cation proposed in this work is
H−, which is smaller than the divalent anions S2−, Se2−, and
Te2−,313 and raised questions on the formability of these
compounds and the subtle anion arrangement. Time-of-flight
(TOF) powder neutron diffraction was employed to elucidate
these issues after a preliminary structure analysis by SR-XRD in
this work. It was revealed that the Li+, H−, and S2− ions of the
Li3HS compound fully occupied their respective crystallo-
graphic sites with Li+ at the 3d (1/2, 0, 0) Wyckoff position and
H− at the 1a (0, 0, 0) site and S2− at the 1b (1/2, 1/2, 1/2) site of
the cubic antiperovskite structure (Pm3̅m space group). The
possibility of antisite disorder between H− and S2− was
examined by Rietveld refinement assuming the anion exchange;
however, it resulted in the full occupancy of H− at the B site with
Rwp = 1.37% and RBragg = 6.64%, confirming the fully ordered
anion sublattices.143

Another key point of using neutron diffraction is to determine
the diffusion pathway of lithium/sodium ions in target
compounds. This can aid our fundamental understanding of
the conduction mechanism and help guide the rational design of
new electrolytes with faster ionic conduction. The investigation
is usually conducted by collecting neutron diffraction data in
variable temperatures and then analyzing the nuclear density
from the Bragg intensity by the maximum entropy method
(MEM).314,315 A series of in-depth studies by research teams led
byM. Yashima, Y. Zhao, and A. Yamada et al. have illustrated the
process of utilizing this method to investigate the motion of
lithium ions in SSEs or electrode materials, and clearly
demonstrated the conversion from thermal vibration of atoms
to continuous diffusion.316−318 Investigation of the diffusion
pathways in antiperovskite electrolytes was exemplified by the
representative antiperovskite Na3OBr and the layered anti-
perovskite Na4OI2 derivative.87 Na3OBr crystallizes in a
standard cubic antiperovskite structure with the Pm3̅m space
group, while Na4OI2 is a tetragonal antiperovskite with a I4/

Figure 24. (a) Neutron scattering length of some selected elements. The atomic scattering factors for X-rays are also displayed for comparison. The
values of the scattering factors for X-rays vary with Bragg angle θ (results for θ = 0 and (sin θ)/λ = 0.5 Å−1 are given here), whereas they keep the same at
all angles for neutron. (b) 2-D version of the nuclear density distributions of Na4OI2 at 500 K. The arrows show two potential pathways in Na4OI2. (c)
Upper panel shows theNa4OI2 crystal structures at 300, 400, and 500 K. The thermal ellipsoids are drawn with 80% probability; Lower panel shows the
nuclear density distributions of Na atoms in Na4OI2 at 300, 400, and 500 K fromMEM analysis at the iso-surface level of 0.03 fm/Å3. Reproduced with
permission from ref 87. Copyright 2016 American Chemical Society.
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mmm space group. The latter species is a layered intergrowth
K2NiF4-type structure, characterized by the “Na3OI” anti-
perovskite slabs and the “NaI” rock-salt layers. Although the
geometric information of the two compounds is clear, the
potential difference in the diffusion pathways of sodium ions in
the compounds was not known before this study. Neutron
diffraction investigation of Na3OBr and Na4OI2 was carried out
at 300, 400, and 500 K and the nuclear density distribution maps
were deducted fromMEM analysis. The results showed that the
sodium ions in Na3OBr transport among nearest Na+ sites and
vacancies along the edges of Na6O octahedra. Since all the
sodium atoms in Na3OBr are crystallographically equivalent, the
diffusion path is three-dimensional (Figure 12d and e). In
contrast, there are two inequivalent sodium positions in Na4OI2,
resulting in three possible diffusion pathways: Na1−Na1, Na1−
Na2 and Na2−Na2, as shown in Figure 24b and c. The sodium
ions at Na1 position display an elliptic nuclear density in the ab
plane, while sodium ions at Na2 position show an elliptic nuclear
density along the c direction, suggesting potential diffusion in
the ab plane as well as along the c axis. The latter route is of
minor probability considering the largest migration distance
(4.7627(3)Å for Na2−Na2, compared with 3.3042(4) and
3.2603(1) Å for Na1−Na1 and Na1−Na2, respectively).
Nevertheless, the MEM results also gave the polarized nuclear
density distribution of I− ion, which overlaps with Na2 ion and
can act as a pathway of a negative charge center and facilitate
sodium diffusion along the c axis.87 The investigation of diffusion
pathways in the antiperovskites by MEM has promoted deeper
understanding of ionic diffusion mechanism in the new
structures and showed promising potential for guiding further
structural manipulations.
Moreover, neutrons feature high penetrability due to the

interaction with atomic nuclei instead of the electrons, making
them particularly suitable for in situ investigation of the
chemistry and structure dynamics in model cells or even
practical full cells.319−325 For example, in situ neutron diffraction
was employed to investigate the nonequilibrium states in
commercial LiFePO4 cathode under operating condition.326

The electrochemical cell for this investigation was prepared by
rolling a stack of Celgard (insulator), LiFePO4 cathode paste on
aluminum foil, Celgard (separator) and lithium metal anode,
followed by insertion of the stack into a 9 mm diameter
vanadium can. Copper wire was attached with the lithium anode
and the aluminum current collector of the cathode. Electrolyte
made of a 1/1 vol% mixture of deuterated EC and DMC was
added to the vanadium can, followed by sealing with wax. The
cell was placed in a neutron beam of wavelength λ = 2.4053(1) Å
and the patterns were collected every 5min for 67 h between 16°
≤ 2θ ≤ 136°, during which the cell was cycled within selected
voltage range under galvanostatic mode. The neutron diffraction
signals displayed extreme sensitivity to bulk crystallographic
changes in the LiFePO4 cathode and revealed the simultaneous
occurrence of solid-solution and two-phase reactions after deep
discharge.326 This investigation presented a great example for
the experimental probe of the nature of the transition interface in
electrode materials even in a closed operating system,
demonstrating the advantage of neutron diffraction for in situ
characterization. Although there has been no report on the in
situ neutron investigation of solid-state cells based on anti-
perovskite electrolytes so far, the feasibility for this study can be
anticipated.
It is noteworthy that the neutron scattering properties of all

elements must be examined before running the diffraction

experiments, particularly for the in situ cell investigation in
which the existence of particular elements in component
materials of electrode/electrolyte or in sealing parts can result
in low-quality neutron signals. For example, hydrogen exists in
many antiperovskite electrolytes and organic cell components;
however it has a large incoherent neutron scattering cross
section and usually causes high background intensity in neutron
diffraction patterns. Vanadium(V) has a near-zero scattering
length, as shown in Figure 24a. For this reason, vanadium is
often used for making sample containers. Some elements such as
boron (B), cadmium (Cd), and gadolinium (Gd) have very large
absorption cross sections for thermal neutrons, making it
extremely difficult to collect useful information through normal
neutron diffraction from samples containing these neutron
absorbers. Therefore, it is highly recommended to check the
neutron coherent, incoherent and absorption cross-section of
each element before neutron diffraction experiments. Table 4

summarizes the neutron scattering properties of some
commonly used elements for antiperovskite electrolytes and
related solid-state batteries, which can be used as a quick check.
Complete information can be found in ref 312. Isotope
substitution can be considered when coming across the above
situations. For instance, substitution of deuterium for hydrogen
provides a way to accurate refinement of the atomic position as
the incoherent scattering of the neutron can be reduced to a
much lower level with deuterium. This also holds for the
substitution of 7Li for 6Li in a natural mixture of lithium isotopes
(natural abundance: 6Li-7.5%, 7Li-92.5%) when high-quality
neutron diffraction data are needed.

9. SUMMARY AND PERSPECTIVES
Since the early discovery of the Ag3SI antiperovskite electrolyte
and the ionic conductivity breakthrough achieved with Li3OCl

Table 4. NeutronCoherent Scattering Lengths andCoherent,
Incoherent, and Absorption Cross-Section of Some Elements

element

coherent
scattering
length

(10−12 m)

coherent
cross-section
(10−24 cm2)

incoherent
cross-section
(10−24 cm2)

absorption
cross-section
(10−24 cm2)

H −3.7390 1.7568 80.26 0.3326
D (2H) 6.671 5.592 2.05 0.000519
Li −1.90 0.454 0.92 70.5
7Li −2.22 0.619 0.78 0.0454

B 5.30 3.54 1.70 767(8)
C 6.6460 5.550 0.001 0.0035
N 9.36 11.01 0.50 1.90
O 5.803 4.232 0.0008 0.00019
F 5.654 4.017 0.0008 0.0096
Na 3.63 1.66 1.62 0.530
Mg 5.375 3.631 0.08 0.063
Al 3.449 1.495 0.0082 0.231
Si 4.1491 2.1633 0.004 0.171
P 5.13 3.307 0.005 0.172
S 2.847 1.0186 0.007 0.53
Cl 9.5770 11.526 5.3 33.5
Mn −3.73 1.75 0.40 13.3
Fe 9.45 11.22 0.40 2.56
Co 2.49 0.779 4.8 37.18
Ni 10.3 13.3 5.2 4.49
Br 6.795 5.80 0.10 6.9
I 5.28 3.50 0.31 6.15
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(Br), a number of lithium and sodium ionic conductors with
antiperovskite structures have been developed to date. The
electrolytes have displayed highly desirable stability against
alkali metal anodes, rapid preparation and scalability in addition
to reasonably high conductivities. These properties have been
rarely obtained with the traditional SSEs. Therefore, anti-
perovskite electrolytes stand out as a promising new family of
inorganic conductors for solid-state batteries and are attracting
ever-growing interests. Reviewing the state-of-the-art SSEs in
this field, we find that the number of reported antiperovskite
electrolytes is still limited compared with the traditional
perovskite, LISICON, argyrodite or garnet type electrolytes,
and the relevant full-cell studies are even rarer. Nevertheless, the
flexibility of the antiperovskite structure enables substantial
chemical tailoring, such as substitution at any of the A, B, and X
positions of X3BA antiperovskite structures with a wide range of
ions and valences, presenting plenty of opportunities for
optimizing the electrolyte composition and the electrochemical
performance. For example, halogen anions in the A sites (e.g.,
Cl−, Br−) can be replaced by superhalogen anions (e.g., BH4

−,
BF4

−, NO2
−) with higher ionization potential, potentially

increasing the electrochemical stability window of the anti-
perovskite electrolytes in addition to the enhanced ionic
conduction triggered by the rotational motion of superhalogen
anions. The anionic sublattice can be softened by partial or
complete replacement of the anions on A or B sites with other
anions with larger polarizability, which is anticipated to lower
the migration barrier for cation transport and high ionic
conductivity. It is also feasible to design new deficient
antiperovskites with a formula such as X5B2A2 in which the
ordering of X vacancies may significantly influence the overall
ionic conductivity.
In addition to the structure manipulation to enhance the ionic

conduction or structural stability of antiperovskite electrolytes,
breakthroughs can also be found elsewhere. Herein, several
points of particular importance are listed for reference.

(1) The conducting mechanism in antiperovskite electrolytes
should be identified, with particular attention to the
proton effects and potential anion diffusion. Most
reported antiperovskite electrolytes are extremely sensi-
tive to moisture and tend to decompose into proton-rich
compounds or hydrates, whichmay introduce undesirable
proton or electron conduction. Moreover, anions with
relatively small ionic radii are able to diffuse within solids
at elevated temperatures (e.g., F− in perovskite NaMgF3).
F− and Cl− diffusion in antiperovskite electrolytes may
affect the output of solid-state batteries and interfacial
properties and therefore should be excluded or utilized
properly.

(2) The stability of antiperovskite electrolytes toward low
potential anodes is one of the major advantages of
antiperovskite electrolytes over others. It is known that
the stable interface between electrolyte and electrode
arises either from the intrinsic thermodynamical stability
of the electrolyte or from the formation of interphases
with negligible electronic conductivity. Although the
current results based on experimental and theoretical
calculations have indicated considerable chemical and
electrochemical stability for antiperovskite electrolytes
against lithium or sodium metal anodes, the interfacial
phase(s) between antiperovskite electrolytes and Li/Na
anode has not been clearly identified, which limits our

understanding of the stabilization mechanism at the
anode interface. Detailed characterization of the electro-
lyte-anode interface is therefore essential.

(3) According to the experimental results based on cyclic
voltammetry testing, antiperovskite electrolytes have very
large electrochemical stability windows that cover the
upper-voltage limits of current cathode materials.
However, the calculated windows are limited by the low
oxidation potentials and are much smaller than the
experimental results. The discrepancy mainly arises from
the inaccuracy in conventional testing methods using a
Li/SSE/inert metal (e.g., stainless steel, Pt) semiblocking
electrode configuration in which the contact area between
electrolyte and inert metal is very limited. Therefore, it is
necessary to characterize the true electrochemical stability
window through modified methods before full cell studies
are carried out. Potential interfacial reactions and
composition of the byproducts on the electrolyte−
cathode interface also require further clarification.

(4) Coating high-voltage cathodes with thermodynamically
stable layers is a potential solution to the interface issues
arising from the chemical or electrochemical reactions
between cathode and antiperovskite electrolytes.
Although several promising inorganic coatings have
been identified for traditional sulfide electrolyte-based
systems, they are not necessarily compatible with the new
antiperovskite electrolytes. Systematic investigation on
the composition and thickness of the coating layer is still
needed. Moreover, the coating layers are believed to be
passivated during the initial electrochemical cycles. The
phase and structure evolutions of the coating layers during
extraction or insertion of the alkali ions are a topic of
interest, and they are of particular importance for
evaluating the long-term cycling stability.

(5) The mechanical properties of each component in all-
solid-state batteries are crucial for prolonged cycling. This
is especially important for batteries made from anti-
perovskite electrolytes that possess large stiffness and low
ductility. The dynamic volume change of active electrode
materials during change and discharge is likely to
interrupt the integrity of the electrode or the contact
between different layers when using SSEs. Application of
external pressure on all-solid-state full cells has been
generally adopted to maintain a reasonable solid−solid
contact during cycling, even for cells with soft sulfide
electrolytes. Antiperovskite electrolytes cannot deform as
easily as their sulfide counterparts, and are more likely to
lose connectivity in ionic and electronic conduction
pathways after the volume change of electrode materials.
In this regard, studies on the structural integrity of
electrode and electrode/electrolyte assembly during
cycling would be important.

(6) Antiperovskite electrolytes have demonstrated great
potential for scalable manufacturing of electrolyte thin
films, electrodes and full cells using the melt infiltration
method. It is worth noting that thermal residual stresses
may be established between the electrode materials and
electrolytes upon cooling from the melt due to the
difference in thermal expansion between them. Such
stresses may influence the ionic conductivity in electro-
lytes or electrode materials and can also cause mechanical
failure during operation. Moreover, antiperovskite elec-
trolytes become more reactive in the molten state at
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elevated temperatures and may react with the electrode
materials (or the coating layer) and the conducting
carbon additives. High-impedance layers may form as a
result and affect the output of full cells. More effort is
required for understanding the complex interfacial
mechanics and chemistries.
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